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Selective Laser Melting (SLM) is of growing interest within the aerospace industry due to its 
ability to produce complex netshape components directly from CAD file allowing for 
increased design freedom without the constraints of traditional methods. There is currently a 
lack of knowledge regarding the influence of process variables on the integrity and properties 
of the as-fabricated material. The research presented investigates the SLM-fabrication of three 
nickel superalloys: Primarily CM247LC with CMSX486 and IN625 as secondary alloys.  
CM247LC is Ni-base superalloy hardenable by the precipitation of the coherent  phase. It 
presents a particular challenge due to weld-crack susceptibility. This research aims to 
establish a processing route for CM247LC components via SLM: Parametric studies are 
presented to quantitatively assess the cracking behaviour based on microstructural 
observations and characterise the cracks by suggesting mechanisms for their formation. Hot 
Isostatic Pressing (HIPping) has been investigated as a retro-fix solution to cracking and 
further heat treatments have been implemented to refine the  structure for the best possible 
creep resistance; the  evolution through the manufacturing stages (SLM & Heat Treatment) 
has been examined.  
Electron BackScatter Diffraction (EBSD), MicroCT Tomography and microscopy have been 
used to characterise the influence of the laser scan strategy on the SLM fabricated 
microstructure. 
Research was extended to two additional alloys: CMSX486 and IN625. A statistical design of 
experiments methodology was used to rapidly establish process parameters for these two 
alloys. 
Mechanical testing (creep/tensile) was performed for comparison against traditionally cast 
material. The poor creep performance of the SLM processed CM247LC and CMSX486 raise 
significant concerns regarding the future successful use of SLM in its current form as a viable 
manufacturing route. In contrast, IN625 performed well under room and elevated temperature 
tensile testing and highlight that appropriate alloy selection (or specific alloy development) is 
needed for future research in this area.   
 In conclusion a processing route capable of yielding fully dense material with a satisfactory  
structure is presented; however, it involves significant post-fabrication processing and the 
resulting poor creep properties detract from the attractiveness of SLM as a viable 
manufacturing method. Further research is suggested, specifically into modelling and thermal 
measurement of SLM. 
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CMSX486 (scan speed = 1500 mm/s, scan Spacing = 0.5, island size = 5 mm). Red 
points indicate the design points measured and the dashed lines indicate the 95% 
confidence limits of the model. 
156. Figure 4.34: Plot showing predicted influence of laser scan speed on crack density for 
CMSX486 (laser power = 150 W, scan Spacing = 0.5, island size = 5 mm). Red points 
indicate the design points measured and the dashed lines indicate the 95% confidence 
limits of the model. 
157. Figure 4.35: Plot showing the predicted interaction between the scan spacing and the 
scan speed for CMSX486. The red plot indicates the predicted influence of scan speed 
on crack density for a scan spacing = 0.65 and the black for a scan spacing = 0.35. The 
dashed lines indicate the respective 95% confidence limits and the green dots are the 
measured design points. 
159. Figure 4.26: Plot showing comparison of predicted values against actual results for the 
void fraction of SLM-fabricated CMSX486 
159. Figure 4.37: Plot showing predicted influence of laser power on void fraction for 
CMSX486 (scan speed = 1500 mm/s, scan Spacing = 0.5, island size = 5 mm). Red 
points indicate the design points measured and the dashed lines indicate the 95% 
confidence limits of the model. 
160. Figure 4.38: Plot showing predicted influence of laser scan speed on void fraction for 
CMSX486 (laser power = 150 W, scan Spacing = 0.5, island size = 5 mm). Red points 
indicate the design points measured and the dashed lines indicate the 95% confidence 
limits of the model. 
160. Figure 4.39: Plot showing predicted influence of scan spacing on void fraction for 
CMSX486 (laser power = 150 W, Scan Speed = 1500 mm/s, island size = 5 mm). Red 
points indicate the design points measured and the dashed lines indicate the 95% 
confidence limits of the model. 
161. Figure 4.40: Plot showing the predicted interaction between the scan speed and the 
laser power for CMSX486. The red plot indicates the predicted influence of laser 
power on void fraction for a scan speed = 2000 mm/s and the black for a scan speed = 
1000 mm/s. The dashed lines indicate the respective 95% confidence limits and the 
green dots are the measured design points. 
161. Figure 4.41: Plot showing the predicted interaction between the scan spacing and the 
scan speed for CMSX486. The red plot indicates the predicted influence of scan speed 
on void fraction for a scan spacing = 0.65 and the black for a scan spacing = 0.35. The 
dashed lines indicate the respective 95% confidence limits and the green dots are the 
measured design points. 
162. Figure 4.42: Surface plot showing predicted crack density against scan speed and laser 
power for CMSX486. Scan spacing fixed at 0.63; island size fixed at 6.4 mm. 
162. Figure 4.43: Surface plot showing predicted void area fraction against scan speed and 
laser power for CMSX486. Scan spacing fixed at 0.63; island size fixed at 6.4 mm. 
163. Figure 4.44: Surface plot showing both predicted crack density (red) and void area 
fraction (blue) for CMSX486. Scan spacing fixed at 0.63; island size fixed at 6.4 mm. 
168. Figure 4.45: Particle size distribution for argon gas atomised IN625 powder as; black 
dashed lines indicate the ideal size distribution boundaries. Key sizing data is provided 
in the inset table. 
170. Figure 4.46: BSE SEM micrograph showing a typical sample of ground and polished 
IN625 as used for the porosity quantification. Note the misshapen particles due to 
particle joining during solidification and the ‘crescent’ shaped pores formed by 
particle collision during solidification. 
170. Figure 4.47: BSE SEM micrograph of an individual ground and polished particle of 
IN625 argon gas atomised powder.  
171. Figure 4.48: EDS linescans across two individual IN625 powder particles (Yellow line 
on micrograph denoting linescan profile). EDS results show no significant segregation 
across the particle. Note: The increase in C and decrease in Ni towards either end of 
the scan is due to the onset of the particle edge and the effect of the mounting Bakelite. 
172. Figure 4.49: Plot showing porosity (%) against energy density (J/mm
2
) for SLM of 
IN625. 
173. Figure 4.50: Plot showing comparison of predicted values against actual results for the 
void fraction of SLM-fabricated IN625. 
174. Figure 4.51: Plot showing predicted influence of laser power on void fraction for 
IN625. Dashed lines indicate the 95% confidence limits of the model. 
174. Figure 4.52: Plot showing predicted influence of scan speed on void fraction for 
IN625. Dashed lines indicate the 95% confidence limits of the model. 
175. Figure 4.53: Plot showing predicted influence of scan spacing on void fraction for 
IN625. Dashed lines indicate the 95% confidence limits of the model. 
175. Figure 4.54: Plot showing the predicted limits of 0% void fraction for the SLM of 
IN625 for different laser powers in terms of scan speed and spacing. Processing 
parameters falling below the line specific to their laser power are predicted to produce 
fully dense material.   
176. Figure 4.55: Predicted time-map for IN625 showing time to scan a single island for 
lines representing 0% void fraction samples for different laser powers and the 
corresponding required scan spacing. The corresponding scan speeds can be found by 
referring to Figure 4.54. 
185. Figure 5.1: Optical Micrograph (Stitched) showing etched microstructure in the X-Y 
plane; vertical lines are an artefact of micrograph stitching. 
185. Figure 5.2: Annotated optical micrograph showing the 1mm repeating 'square' pattern 
in the X-Y plane. 
186. Figure 5.3: Backscattered SEM Micrograph showing the fine elongated grain structure 
at the pattern boundary region (Right of the dashed line) of the 1 mm pattern 
contrasting with the more equiaxed grains in the central region (Left of the dashed 
line). 
187. Figure 5.4: Optical micrograph in the X-Z plane showing the long ‘plumes’ of 
elongated grains with the fine grained region running down the middle of the image in 
the build direction (between dashed lines). 
187. Figure 5.5: Backscattered SEM micrograph showing the elongated and fine grained 
regions in the X-Z plane (denoted by dashed lines). 
188. Figure 5.6: Diagram showing how the grain structure in the transverse (X-Y) and 
longitudinal (X-Z) planes relate to each other; (a) is a 3D representation constructed 
from micrographs and (b) shows this relationship schematically. 
189. Figure 5.7: IPF EBSD map showing the X-Y plane of SLM fabricated CM247LC 
highlighting the repeating diamond pattern. 
190. Figure 5.8: Localised pole figures corresponding to (a) area of strong texture, (b) less 
defined orientation. 
191. Figure 5.9: Grain boundary misorientation of the EBSD mapped area for 
misorientation > 5; (a) shows the entire area; (b) shows a single unit of the repeating 
pattern. 
192. Figure 5.10: Frequency distribution of grain boundary misorientation for the entire 
EBSD mapped area (misorientation > 5 only). 
192. Figure 5.11: Relative frequency of grain boundary misorientation within the boundary 
and core regions of the repeating pattern (regions were divided using by author’s 
judgement). 
193. Figure 5.12: MicroCT 3 dimensional visualisation of SLM fabricated CM247LC 
showing cracks (red) and voids (yellow); note the band of heavy cracking running 
through the entire length of the sample. 
194. Figure 5.13: MicroCT 3-dimensional visualisation of SLM fabricated CM247LC of 
the X-Y plane showing cracks (red) and voids (yellow). (a) standard visualisation; (b) 
annotated image showing the boundaries between the well defined heavily and less 
cracked regions denoted by the dashed lines.    
194. Figure 5.14: BSE SEM micrograph showing the as-fabricated transverse (X-Y) plane 
with annotations indicating the heavily cracked and less cracked regions of the 
repeating pattern. 
195. Figure 5.15: MicroCT 3-dimensional visualisation of SLM fabricated and HIPped 
CM247LC showing cracks (red). 
195. Figure 5.16: BSE SEM Micrograph showing SLM fabricated and HIPped CM247LC. 
Note the elimination of cracks with only minor isolated porosity remaining. 
196. Figure 5.17: Schematic representation of how the 5mm island pattern with a 1mm shift 
each layers can result in the observed 1mm repeating pattern in the grain structure 
caused by the effect of the edges of the islands realigning every 6 slices. 
198. Figure 5.18: Diagram showing how a rapidly moving point heat source (a) could be 
considered to be a band of heat moving across the island (b) with a speed determined 
by the scan speed and scan spacing. 
203.  Figure 5.19: Schematic illustration showing the difference between (a) the island scan 
strategy and (b) the simple scan strategy for the laser path of a single slice. 
203. Figure 5.20: Optical micrograph showing simple scan pattern produced CM247LC in 
the X-Y plane. Possible cracks and pores are labelled. 
204. Figure 5.21: EBSD map of simple scan pattern CM247LC with IPF colouring showing 
crystallographic orientation with respect to the (a) Z (build) direction and (b) Y (laser 
scan) direction. 
205. Figure 5.22: {100} pole figures for the simple scan pattern CM247LC with respect to 
the (a) Z (build) direction and (b) Y (laser scan) direction. 
205. Figure 5.23: Frequency plot showing grain boundary misorientation frequency for the 
simple scan pattern CM247LC. 
211. Figure 6.1: BSE SEM micrographs of etched CM247LC revealing coarse  structure. 
Sample was SLM-fabricated, HIPped and solution treated (1230C, 2h, GQ); (a) 
2000x magnification, (b) 6000x magnification. 
212. Figure 6.2: BSE SEM micrograph of etched CM247LC revealing coarse ‘raft like’  
structure. Sample was SLM-fabricated, HIPped and solution treated (1230C, 2h, GQ). 
213. Figure 6.3: SE SEM micrographs showing oil quenched SLM-fabricated CM247LC & 
HIPped samples following 2h hold at (a) 1260C, (b) 1280C and (c) 1300C. Samples 
are etched to reveal fine  structure. 
214. Figure 6.4: DSC results for the heating (red) and cooling (blue) of CM247LC powder 
(UK1091) annotated with solidus, liquidus and onset of  formation (Heating/Cooling 
= 10C/min). 
215. Figure 6.5: Thermo-Calc temperature-phase fraction model of CM247LC. 
217. Figure 6.6: Diagram illustrating the steps in the proposed processing route for SLM-
fabricated CM247LC components. 
218. Figure 6.7: BSE SEM micrograph of as fabricated CM247LC, etched to reveal  
phase. Light phase represented fine carbide precipitates,  phase not visible. 
218. Figure 6.8: TEM Micrographs of as-fabricated CM247LC. (a) Diffraction pattern 
showing the indexed weak 010  superlattice spot. (b) Corresponding dark field TEM 
micrograph revealing  as the bright ‘speckled’ phase (obvious in the lower left 
corner).    
219. Figure 6.9: SE SEM micrograph showing SLM-fabricated  & HIPped CM247LC 
etched to reveal  phase;   shows a very coarse structure. 
220. Figure 6.10: SE SEM micrograph showing SLM-fabricated, HIPped & solution treated 
CM247LC etched to reveal  phase;   shows reasonably fine cuboidal  structure. 
220. Figure 6.11: SE SEM micrograph showing SLM-fabricated, HIPped, solution & 1st 
ageing treated CM247LC etched to reveal  phase;   shows cuboidal structure with 
some ‘split cube’ style particles. 
221. Figure 6.12: SE SEM micrograph showing SLM-fabricated, HIPped, solution,  1st & 
2nd ageing treated CM247LC etched to reveal  phase;   shows coarse with many 
irregular and ‘split cube’ style particles. 
222. Figure 6.13: Frequency plots showing  particle size distributions in SLM-fabricated 
& HIPped CM247LC following (a) solution treatment, (b) 1st ageing and (c) 2nd 
ageing; plots are annotated with the maximum particle size, mean particle size and the 
mean aspect ratio. Black line shows moving average over 3 bins.   
223. Figure 6.14: Plot showing moving average line for frequency of  particle size in the 
solution treated (red), 1
st
 aged (blue) and 2
nd
 aged (green) conditions.   
224. Figure 6.15: Plot showing measured temperature against time for the gas-quenched 
solution treatment, HIP with jet-cooling and standard HIP cycles. Curves are 
annotated with cooling rates determined by the linear portions of the falling curve. 
225. Figure 6.16: SE SEM micrograph showing SLM-fabricated, HIPped & jet-cooled 
CM247LC etched to reveal the coarse  structure. 
225. Figure 6.17: Frequency plot showing  particle size distribution in SLM-fabricated, 
HIPped and jet-cooled CM247LC. Plot is annotated with the maximum & mean 
particle size; black line shows moving average over 3 bins. 
230. Figure 6.18: Bar plot showing UTS at room temperature for SLM-fabricated 
CM247LC for 4 different processing conditions; 3 samples were tested for each 
condition. Dashed line shows data for CC’d CM247LC presented by Kim et al. for 
comparison. Hatched bars show samples SLM-fabricated in a 2
nd
 batch and tested at a 
later date 
230. Figure 6.19: Bar plot showing 0.2% proof stress at room temperature for SLM-
fabricated CM247LC for 4 different processing conditions; 3 samples were tested for 
each condition. Dashed line shows data for CC’d CM247LC presented by Kim et al. 
for comparison. Hatched bars show samples SLM-fabricated in a 2nd batch and tested 
at a later date. 
231. Figure 6.20: Bar plot showing % strain to failure at room temperature for SLM-
fabricated CM247LC for 4 different processing conditions; 3 samples were tested for 
each condition. Dashed line shows data for CC’d CM247LC presented by Kim et al. 
for comparison. Hatched bars show samples SLM-fabricated in a 2nd batch and tested 
at a later date. 
232. Figure 6.21: Elevated temperature tensile test results for vertically built SLM-
fabricated, HIPped & heat treated CM247LC showing UTS (square points & solid 
line) and 0.2% proof stress (triangular points & dashed line). Data presented by Kim et 
al. for CC’d CM247LC (black lines) is also presented for comparison.  
232. Figure 6.22: Elevated temperature tensile test results for vertically built SLM-
fabricated, HIPped & heat treated CM247LC showing % strain to failure. Data 
presented by Kim et al. for CC’d CM247LC (black line) is also presented for 
comparison. 
234. Figure 6.23: Creep curves for SLM-fabricated CM247LC in various conditions tested 
at 1050C, 100MPa. Vertical sample results are shown in (a) and horizontal in (b); two 
samples tested for each condition (Note: Different time axis scale on (a) and (b)). 
235. Figure 6.24: Bar plot showing 1050C, 100 MPa creep life for SLM-fabricated 
CM247LC following various processing conditions. 
235. Figure 6.25: Bar plot showing 1050C, 100 MPa creep strain to failure for SLM-
fabricated CM247LC following various processing conditions. 
239. Figure 6.26: Photograph showing SLM-fabricated CMSX486 following HIPing, heat 
treatment and machining to test specimen geometry. Note the extensive cracking 
visible along the length of the sample. 
240. Figure 6.27: DSC results for the heating (red) and cooling (blue) of a solid sample of 
CMSX486 annotated with solidus, liquidus and onset of  formation (Heating/Cooling 
= 10C/min). 
241. Figure 6.28: Bar plot showing UTS for SLM-fabricated and heat treated CMSX486. 
Three samples were tested in both vertical and horizontal build orientation. 
241. Figure 6.29: Bar plot showing 0.2% proof stress for SLM-fabricated and heat treated 
CMSX486. Three samples were tested in both vertical and horizontal build 
orientation. 
242. Figure 6.30: Bar plot showing % strain to failure for SLM-fabricated and heat treated 
CMSX486. Three samples were tested in both vertical and horizontal build 
orientation. 
243. Figure 6.31: Creep curves for SLM-fabricated and fully heat treated CMSX486. 
Samples tested at 1050C and 100 MPa loading. The plot is annotated with the creep 
life of each sample. 
244. Figure 6.32: Plot showing UTS and 0.2% proof stress for as-fabricated IN625 in both 
the horizontal and vertical build conditions against temperature. Data published by 
Donachie for cast IN625 is shown in black. 
245. Figure 6.33: Plot showing % strain to failure for as-fabricated IN625 in both the 
horizontal and vertical build conditions against temperature. Data published by 
Donachie for cast IN625 is shown in black. 
 
Appendix A Figures: 
261. Figure 1: Screenshot from Magics showing the automatically generated support 
structure attached to the actual component geometry. 
263. Figure 2: Photograph showing different views of the Concept Laser M2 system: (a) 
Front view of machine showing handling chamber; (b) Exterior view of the processing 
chamber. 
263. Figure 3: Schematic cross-section of the technology module of the Concept Laser M2 
system. 
266. Figure 4: Diagram defining the contour inset and beam compensation with respect to 
the defined part edge and scan vectors. 
267. Figure 5: Screen capture showing parameters used when slicing in the Magics 
software. 
268. Figure 6: Screen capture showing standard laser parameters assigned for the SLM of 
CM247LC 
268. Figure 7: Screen capture showing standard process parameters assigned for the SLM 
of CM247LC 
269. Figure 8: Screen capture showing standard machine parameters assigned for the SLM 
of CM247LC 
 
Appendix B Figures: 
271. Figure 1: CCD space for three factors 
 
 
LIST OF TABLES 
PAGE           CAPTION 
15.  Table 2.1: Results presented by Ricks et al. showing lattice misfit of various nickel 
superalloys and the particle size at which  departs from a spherical to a more 
cuboidal morphology. 
43. Table 2.2: Data (Units converted from source) showing the influence of 2 wt.% Hf 
addition on the creep properties of MAR-M200.   
47. Table 2.3: Nominal composition of CM247LC (wt.%). 
50. Table 2.4: Heat treatments applied to mechanical test samples for various sources. 
52. Table 2.5: Nominal composition of CMSX486 (wt.%). 
55. Table 2.6: Nominal composition of IN625 (wt.%). 
86. Table 3.1: Powder Batch Details 
89. Table 3.2: Technical Specifications for both Concept Laser M2 and EOS EOSint 
M270 SLM. 
92. Table 3.3: Summary of SLM operating parameters for the different investigation 
stages. 
94. Table 3.4: Technical specifications of the HIP vessel. 
95. Table 3.5: HIPing parameters for the consolidation of SLM fabricated CM247LC and 
CMSX486 samples. 
95. Table 3.6: Heat treatment parameters for samples of CM247LC and CMSX486. 
98. Table 3.7: Approximate guide for relative convective heat transfer coefficients for gas, 
oil and water quenching. 
101. Table 3.8: Details of the SEMs used and the studies they correspond to. 
111. Table 3.9: Tensile testing conditions for SLM fabricated CM247LC samples. 
111. Table 3.10: Tensile testing conditions for SLM fabricated CMSX486 samples. 
112. Table 3.11: Tensile testing conditions for SLM fabricated IN625 samples. 
113. Table 3.12: Creep test conditions for CM247LC specimens. 
113. Table 3.13: Creep test conditions for CMSX486 specimens. 
117. Table 4.1: Chemical analysis result for CM247LC powder, 150 W, 1500 mm/s SLM 
sample and 200 W, 400 mm/s SLM sample compared against nominal composition 
(wt.% unless otherwise stated). 
122. Table 4.2: Summary of porosity data calculated by image analysis of ground 
CM247LC powder. 
126. Table 4.3: Parameters used to produce samples for analysis within the parametric 
study of SLM-fabricated CM247LC. 
133. Table 4.4: Empirical observations of cracking character within SLM-fabricated 
samples of CM247LC. 
152. Table 4.5: Porosity quantification results for CMSX486 (re-sieved) powder. 
153. Table 4.6: Raw experimental results for the parametric study of CMSX486. 
154. Table 4.7: ANOVA for crack density of CMSX486. Blue rows indicate significant 
terms and red row indicates overall model significance. 
158. Table 4.8: ANOVA for void fraction of CMSX486. Blue rows indicate significant 
terms and red row indicates overall model significance. 
163. Table 4.9: Crack density and void fraction results from the three validation samples 
compared against the model results for CMSX486. 
171. Table 4.10: Porosity quantification results for In625 powder. 
172. Table 4.11: Parametric DOE study results for the SLM processing of IN625 
investigating 3 parameters measuring porosity only. 
173. Table 4.12: ANOVA for void area fraction of IN625. Blue rows indicate significant 
terms and red row indicates overall model significance. 
177. Table 4.13: Validation results for the optimised IN625 SLM parameters based. 
 
Appendix A Tables:  
262. Table 1: Typical automatic support parameters used for SLM of CM247LC, 





CHAPTER 1: INTRODUCTION - AIMS, OBJECTIVES 
& SCOPE 
This chapter introduces high-temperature materials and provides a brief background as to 
their importance within gas-turbine engines. Additive Layer Manufacturing (ALM) is 
introduced, and the potential advantages and disadvantages of this technique are discussed. 
Finally the industrial impetus for this research is presented and the research aims and 
objectives identified.   
1.1.  A Brief Background on High-Temperature Materials 
With the advent of the jet engine also came the need for high-temperature materials able to 
withstand the extreme temperatures, stresses and atmospheres within them. The gas flow 
route within a typical gas-turbine engine can be broken down into two key sections: the ‘cold’ 
section consisting of the region between the intake and the fuel injection and the ‘hot’ section 
consisting of the combustion chamber out to the exhaust nozzle; this distinction is shown in 




Figure 1.1: Diagram of a simple single spool gas-turbine jet engine with the key stages and components 
labelled [1]. 
Within the ‘cold’ section, the key components that come into contact with the gas stream 
(mainly the rotary and static parts of the compressor) can be made out of lightweight and 
strong titanium alloys as the temperatures experienced are relatively low. 
In the hot section however a high-temperature material is required which must be able to fulfil 
the following three criteria [2]: 
- Maintain mechanical properties under operating temperatures close to material melting 
point (Toperating/Tmelting > 0.6). 
- Resistance to mechanical degradation caused by loading over extended periods of time 
(ie. creep resistance) and cyclic loading.  
- Tolerance of severe environments (ie. corrosion/oxidation resistance). 
The key components within this stage of the gas-turbine are those that extract the work from 
the gas stream: the turbine disk, the static nozzle guide vanes and above all the rotating 
turbine blades which are subject to the highest temperatures, greatest forces and harshest 
environments. Nickel superalloys have been developed to meet these requirements; the 
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improvements in their properties and forming methods have been pivotal in the continuing 
evolution of gas turbine engines.  
By considering the basic thermodynamic cycle at work within a gas turbine engine, it 
becomes apparent why these high temperatures are necessary and why there is continuing 
drive to develop materials to withstand even higher temperatures. Figure 1.2 shows the 
temperature (T) – entropy (S) diagram for the Brayton cycle which approximates to what 
occurs in a simple gas-turbine engine (assuming isentropic compression/expansion and heat 
input at constant pressure). The cycle occurs as follows:  
- Gas is taken in at atmospheric conditions: T1, P1. (1) 
- Gas pressure is increased to P2 having undergone work by the compressor (CW). 
(12) 
- Combustion takes place raising the temperature of the gas at a constant pressure to T3. 
(23) 
- Gas expands through the turbine back to atmospheric pressure (P1) during which work 
is extracted to drive the turbine (TW) with the remainder providing the useful work 
(UW) of the system (either thrust for a jet engine, or further turbine stages for power 
generation). (34) 




Figure 1.2: Temperature (T) - Entropy (S) diagram for the Brayton Cycle approximating to a simple gas-
turbine engine; CW = Compressor Work, TW = Turbine Work, UW = Useful Work.  
From basic thermodynamics it is known [3]:  
                               
                                                  
Therefore:  
                       
                        
Thermodynamic efficiency, th is defined as: 
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By substituting:  




From here it becomes apparent that as T4 cannot be easily controlled. The best way to 
improve the thermodynamic efficiency is to increase T3 also known as ‘Turbine Entry 
Temperature’ (TET) (further details can be found elsewhere [2, 4]). Figure 1.3 [2] shows how 
the drive to increase TET has directly influenced alloy development, casting techniques, 
development of thin-film cooling and the introduction of thermal barrier coatings for high 
temperature components.  
 
Figure 1.3: Relationship between TET, capability of superalloys, introduction of blade cooling and 




1.2.  Additive Layer Manufacturing (ALM) as a Netshaping Technique 
ALM encompasses a wide range of netshaping techniques where a 3-dimensional object is 
directly made from an input stock material and CAD file. All ALM technologies follow the 
same basic steps:  
- A 3-dimensional CAD model is produced. 
- The model is ‘virtually-sliced’ into a sequence of 2-dimensional geometries of a 
specific thickness. 
-  Each slice is then physically made and combined with previous ones until the entire 
shape is produced.  
The different techniques included within the term ALM are further discussed in the literature 
review (Chapter 2). In principle, ALM has a number of attractive advantages with the 
potential for industrial exploitation:  
- Ability to produce complex shapes, including internal geometries without the 
constraints of traditional machining or the expensive setup costs associated with 
investment casting. 
- Manufacturing freedom allows for a ‘design-for-functionality’-philosophy rather than 
one based on ‘design-for-manufacture’. 
- Ability to dramatically shorten the ‘design-to-component’ time allowing for more 
design iterations and actual physical testing of components. 
- Reduction in material waste as the majority of processed material is in the final 
component.  




- Processing time can be long making large production runs unfeasible with current 
technology. 
- Geometries are subject to a specific set of constraints concerning build orientation and 
support structures during building. 
- Current technology has strict maximum build-size limitations. (Typically 250 mm 
cubed)  
- Post-processing may be required to obtain the desired finish/properties reducing the 
appeal of the ALM processing route. 
- Necessity to qualify materials suitable for ALM. 
- Necessity to develop methods for assessing quality and reproducibility of components. 
- Current facility costs ( >£400,000 for SLM) 
All these factors need to be taken into account when selecting ALM as the processing route 
for a specific component.  
1.3.  Research Aims & Objectives 
A manufacturer of aerospace components has proposed research into the possibility of 
producing several high temperature components directly by the Selective Laser Melting 
(SLM) route from the nickel based superalloy CM247LC; additionally there is a secondary 
interest in the alloys CMSX486 and IN625 which are also to be assessed. The potential 
components are of high geometric complexity and as production is typically limited to small 
volumes each year an ALM solution is economically viable. The research presented within 
this thesis focuses solely on the material science element to this project and no discussion will 
be made of the component geometry or the practical challenges of producing them by SLM.  
The overall aim of this project can be stated as:  
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To establish a processing route for the nickel-base superalloy CM247LC using SLM and to 
evaluate against conventional cast CM247LC in terms of microstructure and mechanical 
properties. Furthermore, based on the results for CM247LC, to assess the processability and 
mechanical properties of SLM-fabricated CMSX486 and IN625.  
This aim can be broken down into a series of concise objectives for the research:  
- To optimise the SLM processing parameters for CM247LC, CMSX486 and IN625 
using parametric studies to reduce defects and produce a fully dense material 
(Chapter 4). 
- To investigate and characterise the influence of SLM on the grain structure and defects 
within CM247LC (Chapter 5). 
- To investigate the use of a post-processing technique to eliminate remaining defects 
within the SLM-fabricated CM247LC (Chapters 5, 6). 
- To establish post-processing heat treatments to refine the  microstructure in 
CM247LC to maximise the creep properties (Chapter 6).  
- To characterise the  structure of CM247LC throughout the processing route 
(Chapter 6). 
- Finally to mechanically test the SLM-fabricated CM247LC, CMSX486 and IN625 
following all processing steps based on the operational requirements of the 
components and compare against conventionally formed material (Chapter 6).  
Final conclusions and an evaluation of the proposed processing route will be presented; 
recommendations for future research to further understand and develop this technique will 
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CHAPTER 2: LITERATURE REVIEW 
This chapter presents a review of the relevant literature outlining the fundamental metallurgy 
of nickel superalloys; the roles of specific elements within those alloys; the physical 
metallurgy of CM247LC, CMSX486 and IN625; ALM techniques; early studies to 
characterise SLM-fabricated material; the SLM of nickel alloys and finally the weld cracking 
mechanisms in nickel superalloys. 
2.1.  Categories of Superalloys 
Superalloys can be traditionally categorised into one of three main classes. The first to be 
developed are known as iron-nickel-base alloys. These alloys are typified in the Incoloy 800 
series [1], and contain high wt.%. Fe which acts as a joint base material with Ni  [2]. Most of 
these alloys display a solid-solution strengthening mechanism similar to nickel-base 
superalloys yet show a spherical rather than cuboidal precipitation of the strengthening  
phase [2] and are typically used as wrought rather than cast materials [1, 2].  
The second category is nickel-base superalloys which contains the majority of currently used 
blade alloys and can themselves be subcategorised depending on microstructure (i.e. 
strengthening mechanism) and composition. They are typified by the use of nickel as the sole 
base-material [2] and can be used in both cast and wrought form depending on the 
application.  
The final category is cobalt-base superalloys which use cobalt as the base material. These 
alloys typically rely on strengthening by elements within solid-solution and the formation of 
carbides for their high temperature properties. Some elements are able to form an inter-
metallic (of the form Co3M) phase equivalent to the  phase found in nickel-base superalloys 
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however practical application for these has yet to be found due to their limited temperature 
range ( See ref. [3] - Section IX).  
The research presented in this thesis relates to nickel-base superalloys which themselves can 
be further subdivided:  
-  strengthened: Hardened by the precipitation of the coherent  phase (Ni3Al) 
typically heat treated to form in a fine cuboidal structure; these alloys are the main 
focus of this thesis and as such the specific details of this structure are discussed in 
subsequent sections.  
-  strengthened: These Nb-containing alloys are hardened by the precipitation of the 
Body-Centred Tetragonal (BCT)  phase (Ni3Nb) as typified by IN718 where the  
phase is precipitated as coherent disc shaped particles [1].  strengthening can occur 
in addition to that provided by .   
- Solid-solution strengthened nickel-base superalloys: Typified by IN625 and 
HastelloyX where material strength is achieved through solid-solution strengthening 
elements (e.g. Co, Cr, Fe, Mo, W, Ta, Re) [2].      
2.2.  / Structure 
The  phase and how it is precipitated within the  matrix is the key to the high temperature 
creep resistance of this type of precipitate hardenable nickel-base superalloy. It is therefore 
necessary to fully discuss the relationship between these two phases before considering the 
other factors, phases and elements within these complex alloy systems.  
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i. Atomic Structure 
The  (Ni) and  (Ni3Al) phases exhibit a face-centred cubic (f.c.c.) structure. The crystal 
structures of both the  and  phases are shown in Figure 2.1 [2]. The  phase shows an 
ordered structure: taking the unit cell illustrated in Figure 2.1, it can be seen that the upper and 
lower planes consist of a Ni atom surrounded by Al atoms at each corner of the square. 
Extending this pattern out in all directions would result in an ordered plane of Ni and Al 
atoms. The middle plane, lying between the upper and lower face of the unit cell, shows 
simply four Ni atoms lying in the face-centred positions. These atoms form an entire plane of 
Ni which separates each plane of ordered Ni and Al.  A diagram showing the ordered plane is 
given in Figure 2.2 (a) and how this combines with the Ni planes is shown in Figure 2.2 (b).  
 
Figure 2.1: Diagram showing the f.c.c. structure of both the  Ni phase and the  Ni3Al phase. Black (and 





Figure 2.2: Diagram showing (a) the ordered plane structure within the  phase and (b) how these planes 
combine with the Ni planes. 
 
ii. Precipitate Morphology 
Assuming a fully homogenised, solutionised and stress-free material, an ageing heat treatment 
can be used to precipitate the  phase in the form of discrete particles. This particulate 
structure is desirable as it confers good creep properties. 
Initially within the ageing treatment, the  phase will form as small spherical particles as is 
characterised by the early superalloys (e.g. Incoloy 800), however further ageing will produce 
cuboidal precipitates as are characteristic of more recent alloys. Figure 2.3 shows typical 
spherical  morphology as presented by MacKay & Nathal [4].  Figure 2.4 shows a 
micrograph presented by Kim et al. [5] of the characteristic cuboidal  structure within the 




Figure 2.3: Spherical  morphology within a nickel superalloy [4]. 
 
Figure 2.4: SEM micrograph. showing the idealised cuboidal  structure (DS CM247LC; solution treated 
& aged) [5]. 
 
The transition from spherical particle to cuboidal during ageing is discussed in standard texts 
[1], however the key research was published in 1982 by Ricks et al. [6]. This transition is 
dependent directly on the lattice misfit parameter () between the  and  phases, as given in 
equation 1 where a and a are the lattice parameters of the  and  phase respectively; lattice 
misfit is described as positive if a > a .    
     
     
     
                  -      [1] 
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Assuming that the  phase maintains coherency within the  matrix, the stress field 
surrounding the  particles, induced by the deformation of the surrounding  matrix depends 
on the size of the particle and the lattice misfit parameter. At some threshold point this stress 
field will become great enough in magnitude to deform the  particle from spherical to 
cuboidal in shape. Table 2.1 presents the result published by Ricks et al. [6] showing the 
lattice misfit of five alloys and the particle size at which the  structure departed from 
spherical to cuboidal. 
Table 2.1: Results presented by Ricks et al. [6] showing lattice misfit of various nickel superalloys and the 
particle size at which  departs from a spherical to a more cuboidal morphology 
Alloy Lattice Misfit (%) 
Particle size threshold 
for spherical/cuboidal 
transition (µm) 
Udimet 720 <0.02 0.7 
Nimonic 105 -0.04 0.7 
Nimonic 115 -0.18 0.5 
Nimonic 80A +0.32 0.3 
Nimonic 90 +0.34 0.3 
 
If further ageing takes place then the particles continue to grow through a very distinctive 
sequence. Ricks et al. [6] state that the coherency strains associated with a positively 
misfitting particle are in tension parallel to the faces of the cube and compressive normal to 
the faces. This results in a region of low strain at the corners where the compressive strain 
from the face is nullified by the tension strains of the other two faces at that corner. As such, 
further growth of the  particle takes place at the corners, along the <111> directions. Growth 
continues at the eight corners until they are also subject to a shift in shape due to the 
coherency strains and are deformed into cuboidal shapes. This results in the cuboidal array of 
 particles associated with over-aged nickel superalloys materials. This evolution of particle 





Figure 2.5: Evolution of  particle shape from (a) spherical to (b) cuboidal, (c) arrowhead and finally (e, f) 
cuboidal array as presented by Ricks et al. [6].  
 
Cuboidal-array morphology is seen in micrographs illustrating an over-aged  structure as in 




Figure 2.6: SEM micrograph showing over-aged  particles displaying cuboidal array or "split-cube” 
morphology (CC’d and aged CM247LC).  
 
iii. Strengthening Mechanism of the  Phase 
The key strengthening mechanism due to the  particles is documented in traditional texts on 
the subject [1, 2, 7] and referred to as ‘order strengthening’ [1] or sometimes ‘chemical 
hardening’ [7]. For a dislocation to move through the ordered  particle, it is necessary for an 
Anti-Phase Boundary (APB) to be formed and the associated anti-phase boundary energy 
(APB) overcome. This process is shown diagrammatically in Figure 2.7 both (a) before and 
(b) after the dislocation has moved through the ordered particle; the APB and slip plane are 




Figure 2.7: Diagram showing the ordered particle (a) before and (b) after dislocation cutting and the 
associated slip plane and APB; Figure adapted from Smallman [7].  
 
There is some disagreement in traditional text on the most significant mechanism due to  
strengthening: 
Reed [1] suggests that as the particle cutting stress will be approximately of the order APB/b 
where b is the Burgers vector and given typical values of APB  0.1J/m
2
 and b = 0.25 nm, the 
cutting stress will be in the order of 400 MPa. Reed goes on to state that this will form the 
most substantial contribution to the  particulate strengthening and outweighs the other 
mechanisms.  
Smallman [7] however, includes three mechanisms for the hardening effect of the ordered 
particles. Firstly the APB effect as described above; secondly the work required to create 
additional particle matrix interface due to the increased perimeter of the particle following the 
dislocation cutting and finally the energy associated with the change in width of a dissociated 
dislocation as it passes through a particle of different stacking fault energy.  
It is agreed between both texts [1, 7] that dislocation movement through the particles must 
take place in coupled pairs with the second dislocation restoring the ordered structure of the 
particle. The theoretical basis of these dislocation pairs is discussed by Reppich [8] and is 
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demonstrated in the corresponding experimental paper by Reppich et al. [9] which shows 
examples of this dislocation couple effect as shown in Figure 2.8.  
 
Figure 2.8: Micrographs showing (a) darkfield TEM micrographs of Nimonic 105 with the coupled glide 
planes marked by arrows and (b) a further TEM micrograph of Nimonic 105 showing clearly the coupling 
of dislocations [9].  
 
A distinction is made between the weak and strong coupling of these dislocation pairs [8, 9] 
and is defined such that weak coupling occurs when the spacing between the two dislocation 
is large compared with the particle diameter so that a there may be a cut particle containing 
APB between the two. Strongly coupled dislocations occur when the particle size is 
comparable to the distance between the dislocations. A full theoretical derivation of the 
differences in the energy required in each of these situations can be obtained in the 
comprehensive review of the subject by Ardell [10], however at this point it is sufficient to 
appreciate that at some threshold particle size, dislocation pairs move from weak to strong 
coupling.  
At larger particle sizes, Orowan looping is suggested as the mechanism for the movement of 
dislocations past precipitate particles. Sufficiently large particles are required such that the 
energy for looping is less than that for particle shearing and that the particles must lie 
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sufficiently far apart to allow bowing in the low stress valleys between them [7]. This process 
is shown schematically in Figure 2.9.   
 
Figure 2.9: The process of Orowan looping around large particles [7].  
 
This kind of dislocation looping has been observed around  precipitates within nickel 
superalloys and is shown in research presented by Plumtree & Persson relating to Alloy 800 
[11].  
By considering all the mechanisms of creep strength in terms of particle size, Reppich et al. 
[8, 9] were able to map the key creep deformation mechanisms. The generalised form of their 
results is presented in Figure 2.10. At small particle sizes, it is the weakly coupled 
dislocations cutting through the particles that result in creep damage, (1); at larger particle 
sizes, the key mechanism is the strongly coupled dislocations (2) and finally Orowan looping 
is responsible for the passage of dislocations around the precipitate particles (3). The peak 
material strength occurs at the transition between weak and strong coupled dislocations, 




Figure 2.10: The influence of particle diameter on the critical resolved shear stress in terms of the 
different dislocation movement mechanisms and with respect to precipitate particle size. Initially Weak 
coupled dislocation pairs (1), then strongly coupled pairs (2) and finally Orowan looping (3). The peak 
stress occurs at the transition between weak and strong coupled pairs [8, 9].  
It should be noted that this research differs from traditional material science which states that 
the peak stress occurring within a precipitate hardened material occurs at the transition 
between particle shearing and looping [12]. This justification is also used by Nathal et al. [13, 
14] when discussing the peak strength in MAR-M247 with varying amounts of Co. Nathal et 
al. conclude that the increasing  particle size due to the Co additions move the material 
through the shearing/looping transition. Whilst that may be the cause of their observed peak 
in strength, the more complete view presented by Reppich et al. [8, 9] suggests that this may 
be smaller than an earlier peak strength occurring at the transition between weak/strongly 
coupled dislocation pairs.  
In practical application however, precipitates tend to grow under service conditions [15] so 
the ideal size is not generally maintained. Additionally, within published research on the 
subject, there is a mismatch between particle size of the peak strength obtained at the 
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transition between weak and strong coupling as presented by Reppich et al.[9] (<100nm) and 
those typically used in the investigation of the tensile properties of nickel-base superalloys 
(0.2-0.7 m published by Kakehi [16]; 0.3-0.5 m published by Kim [5] et al. and 0.2-0.9 m 
published by Sluytman & Pollock [17]). This disparity is likely to be caused by the physical 
limitations of furnace equipment and cooling rates within larger samples of material.    
A further note on precipitate shape has been presented by Sluytman & Pollock [17]. This 
research uses image analysis to define a mean ‘shape parameter’, , for the particles observed 
with a microstructure where  tends to 1 as the particle shape tends to cuboidal. As the lattice 
misfit is directly responsible for the formation of the cuboidal precipitate shape, the research 
shown that the shape parameter is directly related to the lattice misfit. The paper concludes 
that peak shape parameter occurs at a misfit of 0.4% which also corresponds to good 
high-temperature creep properties of the material. This work stands out as it aims to link the 
shape to the lattice misfit therefore providing a further way to evaluate potential mechanical 
properties of the overall material rather than relying on the tradition measurement of  
particle size.  
iv. Heat Treatment Principles 
In order to obtain the / structure discussed, the correct heat treatment must be applied to the 
material. In generic terms, this would be a solution treatment followed by an ageing treatment 
and can be explained by considering the Ni rich side of the Al-Ni phase diagram as shown in 




Figure 2.11: Al-Ni phase diagram adapted from Chen et al. [18].  
 
  Taking a hypothetical Ni-Al binary alloy represented by the red dashed line in Figure 2.11 
existing in  +  state at ambient conditions, the alloy is heated to point ‘X’ during the 
solution treatment in order to homogenise the structure and fully dissolve the  phase into 
solution. The material is then rapidly quenched to suppress the formation of the  phase. 
During the ageing treatment the material is then heated to a temperature below the  solvus 
(represented at the boundary between the  +  and  regions) to allow the  particles to form 
by diffusion.  
In reality nickel-base superalloys contain many elements making them difficult to represent 
on a phase diagram, however due to the levels of chromium, most alloys could be considered 
as ternary systems of Ni-Cr-Al with the addition of minor elements to refine and modify that 
microstructure [15]. Two isothermal sections of the Ni-Cr-Al system are shown in Figure 
2.12; adapted from the phase diagrams collated by Raghavan [19]. The composition marked 
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by the red ‘X’ represents the region where a typical nickel-base superalloy may exist. At 
higher temperature (1200C - Figure 2.12 (b)) the  is dissolved into solution and the material 
lies in the purely  region likewise at lower temperatures the  phase can be precipitated out 




Figure 2.12: Isothermal sections of the ternary system Al-Cr-Ni. Showing section at (a) 900C and (b) 
1200C. Data adapted from work published by Raghavan [19].  
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Heat treatments in practice do not produce the perfect idealised results as might be expected 
from examination of phase diagrams; one of these ‘imperfections’ is the occurrence of 
secondary . During the quenching following heat treatment, the cooling rate may not be fast 
enough to hold the  phase fully in solution and very fine secondary  may be precipitated. 
This can remain in the  matrix channels between the larger primary  precipitates and has 
been observed by several researchers including Kakehi [16] and Liao et al.  [20] as shown in 
Figure 2.13.  
 
Figure 2.13: SEM Micrographs showing very fine secondary  precipitates within the  matrix channels as 
presented by (a) Kakehi [16] and (b) Liao et al. [20] in Mar-M247.  
 
Liao et al. [20] suggests that the secondary  precipitate size is too small to provide any real 
resistance to the dislocations and therefore adds little in terms of creep strength. Conversely, 
the research by Kakehi [16] shows that the occurrence of secondary  within the  matrix 
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channels can have a large impact on the creep strength of the material due to the net reduction 
in channel width for dislocation passage. Additionally, research presented by Kim et al. [5] 
suggests that fine secondary  has a positive influence on the low temperature tensile 
deformation on CM247LC.  
Traditional texts acknowledge the existence of secondary , but its full influence is not 
understood and furthermore due to its fine nature it can make determining the  volume 
fraction by microscopy problematic.     
Many practical heat treatments have been developed within industry which consist of a 
solution and two-stage ageing treatment. Anecdotal reasoning for this two-stage approach, as 
in Donachie [2], states that the 2
nd
 stage may further increase  precipitate size or further 
refine grain-boundary carbide formations, however actual evidence supporting these claims is 
difficult to find. Additionally the lower temperature heat treatment may reduce the occurrence 
of secondary  within the  matrix channels as shown by Kakehi [16] in the research 
regarding heat treatment cooling rates within a nickel base superalloy.  
2.3.  The Role of Carbides 
Carbides play an important role within polycrystalline nickel-base superalloys and can 
perform three specific functions:  
- Grain-boundary carbides (when properly formed) can strengthen grain boundaries by 
preventing or impeding grain-boundary sliding.  
- Carbides can ‘tie-up’ detrimental elements within the alloy. 
- Fine carbides precipitated within the matrix can potentially have strengthening effects, 
although this is most important in cobalt-base alloys.  
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Typically carbides form at high temperatures in the form of MC carbides (where ‘M’ 
represents any number of metals depending on the composition) with M23C6 and M6C being 
formed at lower temperatures under ageing or in service conditions [2]. 
Some of the fundamental understanding of the structure of carbides within nickel-base 
superalloys is presented by Sims [21] who states that the larger MC carbides break down into 
‘blocky’ (or particulate) M23C6 carbides at the grain boundaries via the movement of metal 
atoms from the carbide to the  phase by the following reaction:  
 + MC  M23C6 +  [21] 
This leaves the carbides typically surrounded by a layer of grain boundary  as shown 
schematically in Figure 2.14 and as a micrograph illustrating both typical MC and M23C6 
carbide formations presented by Bor et al. [22] in Figure 2.15.  
 





Figure 2.15: Micrograph showing typical carbides structure within MAR-M247 (heat treated) with MC 
and M23C6 carbides labelled [22].  
 
Sims goes on to state that the particulate grain boundary carbides may improve material 
properties by inhibiting grain boundary sliding, however other formations of carbides may 
significantly harm both low and high temperature ductility. M23C6 carbides ultimately provide 
common sites for crack and rupture initiation points when the material fails [21].  
The research presented by Doherty et al. [23] suggests that the grain boundary carbides not 
only act to prevent sliding, but the associated surrounding  regions (as seen in Figure 2.14) 
also allow for plastic accommodation to the localised stress concentrations surrounding the 
carbides. This is supported by the research presented by Bor et al. [24] examining the effect 
of a double ageing treatment on the alloy MAR-M247, which  shows that the thickening of 
this localised  region could be a factor in the improved elongation performance of the 
material.  
The role of carbides as crack initiation points is heavily documented notably in the research 
by Engler-Pinto et al. [25] on creep and thermo-mechanical fatigue, however it is the 
suggestion by Doherty et al. [23] that it is the ‘thin-film’ carbides formations which are most 
detrimental in terms of crack initiation and propagation (supported by the results presented by 
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Kaufman [26] regarding fatigue of MAR-M247 and those presented by Bor et al. [24] 
regarding creep of MAR-M247) which is of particular importance. These films of carbides are 
later referred to as script-like or ‘Chinese-script’ carbides.  
Due to the role of carbide morphology, there have been several studies into the effect of the 
addition of various elements into an alloy in order to refine the carbide structure. Research 
presented by Kotval et al. [27] examines the influence of hafnium additions into a nickel-base 
superalloy (713-LC) and shows that 1.5% (wt.) additions of Hf can improve 
room-temperature ductility from 3-5% upto 12-15%. This is attributed to the Hf additions 
reducing the occurrence of the script-like carbides and promoting particulate carbide 
morphology.  
The research presented by Bor et al. [22, 28, 29] examining the influence of Mg on the 
formation of carbides is also significant in showing the relationship between the lower 
occurrence of the script-like carbides (with increasing Mg additions) and an improvement to 
material ductility (Three times the elongation of MAR-M247 with 80 ppm Mg compared with 
un-doped MAR-M247 in creep at 1172K [28]). This transition between script-like to 
particulate morphology can be seen in the micrographs presented in Figure 2.16. A similar 
transition was observed by Nathal et al. [14] when examining the influence of cobalt on the 




Figure 2.16: Micrographs showing script-like carbides occurring in (a) Mg-freeMAR-M247 and (b) 
particular carbides occurring in 80ppm Mg MAR-M247 [28]. 
 
Bor et al. [28] states that not only does the improved carbide structure improve the rupture-
life and elongation properties of the Mg-doped material, but also that the Mg is found at the 
carbide-matrix interface suggesting that it improves cohesion between the two phases and so 
reduces the influence of the carbide particle as a crack-initiation point. 
2.4.  Roles of the Specific Elements within a Nickel Superalloy 
Thus far the structure of a nickel superalloy has been discussed in terms of the formation of 
the key phases and their roles within the alloy. This section will focus on the influence of the 
individual elements within the alloy, how they affect the formation of these phases and their 
influence on the mechanical properties.  
A typical nickel superalloy may contain in excess of 10 constituent elements, each of which 
was added during the alloy design stage in order to fulfil a specific role or enhance a certain 
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material property. The text by Donachie [2] gives a simple overview to the role of each 
common element as shown in Figure 2.17.  
 
Figure 2.17: An overview of the role of each of the key elements within a typical nickel superalloy. 
Hatched elements denote minor beneficial elements whilst horizontally shaded elements show detrimental 
elements [2].  
 
i. The Role of Cobalt (Co) 
Cobalt plays a role both in shaping the morphology of the carbides present and the / 
structure. The role of cobalt within nickel-base superalloys was the subject of some interest in 
the early 1980’s. Tien et al. published a report examining its availability and role within the 
alloys based on the data available at that time [30]. The cobalt supply was primarily from 
politically unstable countries and was predicted to run out early in the next century. This 
instability coupled with growing demand from the aerospace industry prompted study into the 
exact role of cobalt and the possibility of substituting another element to perform the same 
role; this influence is also reported by Mackay & Nathal [4] in a review paper.  
Research presented by Nathal et al. [14] initially looks at the influence of cobalt on the 
microstructure of MAR-M247. The study used Ni to substitute the Co content of standard 
MAR-M247 and examination was carried out on 0 wt.%, 5 wt.% and the standard 10 wt.% Co 
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versions of the alloy. The influence of the Co content on the carbide structure in commercially 
heat treated samples is shown clearly in Figure 2.18. The increase in Co from 0 wt.% to 
10 wt.% shows a dramatic change from the script-like (thin-film) carbide morphology to the 
particulate type occurring at the grain boundaries. Additionally, the 10 wt.% Co prompted a 
reduction of approximately 1 wt.% of the overall carbides compared with the sample 
containing 0 wt.%. This change did not reflect any alteration of the composition or relative 
proportions of the two dominant carbide types: one rich in Ta and one rich in Hf.  
 
Figure 2.18: SEM showing carbide precipitates with varying Co levels: (a) 10 wt.% ; (b) 5 wt.% ; (c) 
0 wt.% . Label ‘C’ showing the ‘script-like’ carbides Micrographs [14].  
(Reproduced from hard-copy)  
Figure 2.19 shows the reduction in  precipitate size (decrease from 0.8 m to 0.6 m) with 
increasing Co levels. There is an overall increase of  from 41 wt.% to 59 wt.% as the Co 
levels increase from 0 wt.% to 10 wt.%. The increase in Co also influenced the chemistry of 
the  and  phases. W and Ti content of the  phase decreased from 8 wt.%  5 wt.% and 
3 wt.%  2 wt.% respectively whilst Cr and Al content in the  matrix increased from 




Figure 2.19: SEM showing the varying gamma' phase structure with different Co levels: (a) 10%; (b) 5%;  
(c) 0%. (wt.%) Label ‘C’ denotes carbides; Label ‘’ indicating the  structure [14]. (Reproduced from 
hard-copy) 
In a companion paper, Nathal et al. [13] go on to discuss the influence of these microstructure 
changes to the overall mechanical properties demonstrated by the prepared samples. It is 
important to note that Co itself has very little direct impact on the mechanical properties; it is 
the influence of Co on the phases within the alloy that alters the mechanical properties. 
To emphasise the point made in the previous paragraph, Nathal et al. [13] state that when 
considering the yield strength variation with changing Co level, it should first be noted that 
the Co addition results in a very small change to the lattice parameter of the / phases and 
therefore Co acts as a weak solid solution hardener in this case. Figure 2.20 shows the 
variation of yield strength with temperature for the three different Co level samples. There is 
an approximately -80C shift in the peak yield strength as the Co level is decreased from 
10 wt.% to 0 wt.%. Nathal et al. [13] suggests that the decrease can be attributed to the 
increase in W and Ti levels in the  phase. W and Ti both act as solid solution hardeners 
(Rawlings & Staton-Bevan [31]) increasing the  strength at lower temperatures. However, 
this leads to a more rapidly attained critical resolved shear stress for primary cube slip which, 
once active, decreases the  strength as the temperature increases. Therefore as Co is added, 




Figure 2.20: Plot (reconstructed from source) showing yield Strength as a function of Temperature for 
MAR-M247 samples containing varying wt.% Co; arrows indicate estimates of the peak strength for each 
alloy composition [13].  
 
The research by Nathal et al. [13] also highlights an interesting result when examining the YS 
and UTS variation with Co for a single temperature (649C) as show in Figure 2.21 or the 
peak strengths as shown in Figure 2.20. The strength of the material does appear to increase 
overall between 0 wt.% and 10 wt.% Co however the peak strength lies around the 5% region. 
Nathal et al. propose that this peak strength is due to the change in  precipitate size caused 
by the Co addition (from 0.8 µm  0.6 µm mean size with increasing Co from 0 wt% to 
10 wt.% and that the peak lies at the transition between dislocation cutting and looping. The  
particle size would suggest this peak is secondary to that caused by the transition between 
strongly and weakly coupled dislocations (See Reppich [8, 9]) as discussed previously in 




Figure 2.21: Plot. (reconstructed from source) showing Ultimate Tensile Strength (UTS) and Yield 
Strength (YS) for MAR-M247 samples at 649C with varying levels of Co [13]. 
 
Nathal et al. [13] also shows the influence of cobalt on the creep life of MAR-M247 as 
presented in Figure 2.22. It can clearly be seen that Co has a positive effect on the creep life 
of the material; however this is once again an indirect influence of the addition. Nathal et al. 
suggest that it is most likely a combination of the reduction in  precipitate size and the 
transition of the grain boundary carbides to a particulate form therefore reducing their ability 
to act as rupture initiation points whilst inhibiting grain boundary sliding as discussed 




Figure 2.22: Plot  (reconstructed from source) showing creep rupture life at 871C, 414MPa with varying 
%wt. Co [13]. 
 
ii. The Roles of Chromium (Cr), Molybdenum (Mo), Titanium (Ti) and Aluminium 
(Al) in Corrosion Resistance 
Traditional literature [2, 15] states that although most nickel superalloys contain chromium, 
its primary role depends on composition. In the case of precipitate hardenable nickel-base 
superalloys Cr addition is primarily to provide hot-corrosion resistance achieved by the 
formation of a protective oxide coating (Cr2O3) on the surface preventing the reaction 
between nickel and sulphurous gases (Sims [21]). Cr also acts as a solid-solution strengthener, 
however this is considered as a secondary effect in superalloys with low Cr content (between 
6 wt.% and 22 wt.%; CM247LC contains 8 wt.% Cr [32]). Cr also acts as an MC carbide 
forming element [2].  
Several researchers [3, 33-36] report the development of a ‘layered’ surface structure due to 
these oxides. This is most clearly described in the research presented by Gordon et al. [35] 
who state that both Al and Cr oxides form on the exposed surfaces. A layer of Al2O3 forms by 
the diffusion of Al from the  precipitates near the surface; this results in a layer of 
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-depleted material below the oxide. Cr is transported through the layer of Al2O3 via 
diffusion forming an external layer of Cr2O3 (TiO2 may also form depending on alloy 
composition). The micrograph in Figure 2.23 shows these surface layers; the research by 
Gordon et al. [35] supports this microstructural evidence with EDX data showing the 
presence of elements in each layer.   
 
Figure 2.23: SEM Micrograph showing the surface oxide layers and  depleted layer formed on DS GTD-
111 resulting from atmospheric exposure at high temperature [35]. 
 
The influence of this surface oxide layer however is not straightforward and is the subject of 
some debate depending on how it is evaluated. Research on the fatigue properties of 
Ni-superalloys has shown that oxides act as crack initiation points (Antolovich et al. [37]) and 
in the research regarding fatigue of MAR-M247 by Boismier & Sehitoglu [33] it is stated that 
the oxide and -depleted layer form a region of weaker material ahead of the advancing crack 
tip during fatigue failure. In a companion paper, Boismier & Sehitoglu [34], continue to state 
that additional material damage may occur due to the differing thermal expansion coefficients 
of the layers under thermal cycling. This is not straightforward however as the research 
presented by Coffin [38] suggests that ‘crack blunting’ caused by the formation of the oxides 
at the crack tip may reduce the localised stresses and actually improve fatigue performance 
under low-frequency fatigue; this is supported by a similar suggestion of Donachie & Sullivan 
([3] - Section VIII).   
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The final point to note with regards to the oxide layer is presented by Pandey et al. [36] which 
examines the effect of the heat treatment atmosphere on the surface layer formation and the 
creep performance of the material. The research shows that the samples heat treated in air 
show a better creep life performance than those in a reduced pressure atmosphere. This was 
attributed to the formation of an oxide layer during heat treatment preventing further oxygen 
ingress and so limiting oxide damage during creep testing.  
Small amounts of molybdenum are typically included in nickel-base superalloys to provide 
wet corrosion resistance and also to act as a solid solution strengthener [2]. Titanium can 
substitute for Aluminium in the  phase strengthening as a function of atomic misfit 
parameter [31], however in small amounts within nickel-base superalloys it is included to 
provide hot corrosion resistance and remove nitrogen by the formation of TiN [2, 15]. 
iii. The Role of Tantalum (Ta) 
The influence of tantalum within a nickel-base superalloy system has been detailed in two key 
pieces of research; that presented by Janowski et al. [39] and the more complicated study 
carried out by Nathal & Ebert [40, 41] which also investigated the influence of cobalt and 
tungsten.  
There are two key influences of tantalum within the alloy; the first is the changes to the 
carbide composition. This is documented in the research by Janowski et al. [39] and shows 
that Ta can substitute for Hf within the carbides. Figure 2.24 shows the variation of Ta and Hf 
in the extracted carbides from the heat treated MAR-M247 with increasing additions of Ta to 




Figure 2.24: Plot (reconstructed from source) showing the variation of Ta and Hf within the extracted 
carbides of heat treated cast MAR-M247 with varying wt.% Ta in the alloy [39]. 
 
Janowski et al. [39] go further to show that Ta-containing carbides are not as stable as Hf 
carbides. Figure 2.25 shows the variation of Ta/Hf ratio in the carbides with Ta/Hf in the 
alloy. The >1 gradient of the line in the as-cast state shows that initially Ta is a stronger 
carbide former than Hf, however following heat treatment this gradient is significantly 
reduced. Janowski et al. [39] suggest that it is the greater thermodynamic stability of Hf-rich 
carbides compared with the Ta-rich carbides which is the cause of this effect.  
 
Figure 2.25: Plot (reconstructed from source) showing the variation of Ta/Hf within the carbides 




The second and more significant effect is that of the influence of Ta on the  phase. The 
research by Janowski et al. [39] reports that Ta not only has an affinity to the  phase, but 
also encourages precipitation of the  phase. It is reported that a 1 wt.%  addition of Ta 
results in a 2 wt.% increase in the  phase and corresponding decrease in the  phase. This 
reduction is confirmed by Nathal & Ebert [40] who report that reducing Ta in MAR-M247 
from standard composition, 2.8 wt.% to 0 wt.% resulted in a 6% reduction in  
volume-fraction. Nathal & Ebert [40] also use differential thermal analysis to show that Ta 
removal from MAR-M247 reduces the  solvus temperature and also reduces the lattice 
misfit significantly (although due to the experimental details it is difficult to attribute it 
entirely to the Ta removal).  
The companion paper presented by Nathal & Ebert [41] examining the influence of Ta, Co 
and W on the elevated temperature mechanical properties of MAR-M247 shows that the creep 
performance is significantly reduced by the removal of Ta (as above it is difficult to attribute 
values to this due to the experimental details). This reduction is linked to the microstructural 
changes and is attributed to the change in  fraction, lattice misfit and possibly solution 
hardening of the  phase by Ta. The suggestion of solution hardening of the  phase by 
tantalum is also supported by the research presented by Chakravorty & West [42] as the 
reason for improved high temperature tensile/creep properties in their study of Ni-Al-Ta-Hf 
quaternary alloys, however the results here relate to overall mechanical properties and do not 
examine the microstructural influence of these different compositions.    
iv. The Role of Tungsten (W) 
The influence of tungsten is more straightforward than that of Ta and can be succinctly 
categorised as a solid solution strengthener [2]. Early research presented by Rawlings & 
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Staton-Bevan [31] showed that tungsten preferentially segregates to the  phase, however it 
can substitute for both Ni and Al in the f.c.c. structure. The research concludes that the 
strengthening occurs due to the substitution with Al and the resulting impact on the lattice 
misfit parameter.  
Later research presented by Nathal & Ebert [40] verified this result by showing a larger lattice 
misfit of W-containing alloys. Additionally it was found that the removal of W lowered the  
solvus temperature which would have an impact on the high-temperature performance of the 
material. Finally, in a companion paper, Nathal & Ebert [41] examining the mechanical 
property implications of these composition changes, it is shown that the W improves creep 
resistance and is concluded that this is due to the increased lattice misfit parameter.  
v. The Role of Hafnium (Hf) 
In general terms hafnium’s role within nickel base superalloys is that of a grain boundary 
refiner [2]. In addition to this, it is also considered important in reducing the susceptibility to 
cracking in thin-walled investment castings [43].  
The research presented by Heck et al. [43] showed that CM247LC (containing 1.4 wt.% Hf) 
showed no cracking in contrast to the high levels of cracking in IN792 (containing 0.5% wt. 
Hf) during the casting of a thin walled cylinder. Hf additions to the base IN792 material 
showed a distinct reduction in cracking susceptibility when considered in categories defined 
by crack length. Based on microstructural evidence, the authors suggest that the cracking 
mechanism is that of hot tearing initiating the crack during solidification followed by cold 
cracking propagating along grain boundaries.  
Heck et al. [43] suggest that it is the improvements to the tensile properties (due to the 
addition of Hf) of the alloy which are responsible for its ability to resist cracking under the 
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solidification stresses. Research investigating the mechanical properties of Hf-enriched 
MAR-M200 presented by Duhl & Sullivan [44] supports this conclusion. Table 2.2 shows 
creep results of DS cast bars of MAR-M200 both with and without Hf additions loaded 
transverse to the direction of grain elongation. In all cases, there is a marked improvement in 
the Hf-containing alloy suggesting greater grain boundary cohesion due to Hf. Duhl & 
Sullivan [44] also presented tensile data showing a similar trend in the transverse direction 
and also that the mechanical properties in the longitudinal direction seem to be largely 
unaffected by the Hf addition, again supporting the suggestion that Hf improves grain 
boundary strength rather than the overall material strength.  
Table 2.2: Data (Units converted from source) showing the influence of 2 wt.% Hf addition on the creep 





Rupture life (h) Elongation (%) 
2wt.% Hf No Hf 2wt.% Hf No Hf 
760 586 780 0.3 4.2 0.8 
760 690 170 Failed on Load 5.3 0.1 
871 414 120 15 9.8 1.6 
982 172 125 75 7.6 1.9 
            
The improvements to creep performance with Hf addition is confirmed by the mechanical 
testing results presented by Chakravorty & West [42]. They show that the creep resistance of 
the material increases with Hf addition.   
Some of the fundamental research regarding the influence of Hf on the microstructure of 
MAR-M200 is presented by Doherty et al. [23] which shows two distinct microstructural 
effects of Hf. Firstly there is a distinctive formation of ‘blocky ’ at the grain boundaries in 
the as-cast material; this is potentially due to segregation of Hf during solidification and its 




Figure 2.26: Micrograph showing the typical formation of ‘blocky ’ with the addition of Hf to MAR-
M200 [23]. (Reproduced from hard copy) 
It is reported that the  lining the grain boundaries is responsible for the second observed 
change. The carbides appear to be more irregular, finer and less likely to form thin script-like 
films. Doherty et al. suggest that as Cr has an affinity for the  phase, the  lining the grain 
boundaries reduces the available Cr for the formation of the Cr-rich M23C6 carbides. Doherty 
et al. [23] conclude that the enhanced properties due to Hf additions can be attributed to the 
solid solution strengthening of Hf within the ‘blocky ’ (as supported by Chakravorty & West 
[42]) providing greater intergranular cohesion and accommodation of stress around the grain 
boundary carbides. Additionally, the smaller carbides due to the Hf addition provide less 
attractive crack initiation sites.  
Supporting these suggestions is the research presented by Kotval et al. [27] which examines 
the influence of Hf addition on alloy 713-LC and draws the same conclusions (i.e. Script-like 
carbides broken into particulate forms and  lining grain-boundaries). The one further point is 
the observation that the  forms at the grain boundaries in a dendritic-like structure resulting 
in convoluted grain-boundaries within the Hf-modified alloy compared with the unmodified 
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material. These interlocking  dendrites across the grain boundary are also believed to resist 
grain boundary sliding.  
A secondary effect of Hf is that discussed by Doherty et al. [45] and shows that Hf additions 
can be useful to produce stable sulphides and so reduce the influence of embrittlement caused 
by sulphur in solid solution.  
Finally, it should be noted that Hf can have detrimental effects such as reactivity with casting 
shells (producing inclusions), reducing the solution heat treatment window and freckle 
formation. Research presented by Rösler et al. [46] investigates the possibility of eliminating 
Hf in a castable corrosion-resistant nickel-base superalloy.     
2.5.  Detrimental Elements & Phases 
Some elements and phases are particularly detrimental to the mechanical properties of 
nickel-base superalloys and will briefly be outlined.  
Sulphur proves to be one of the most detrimental elements and its influence is concisely 
presented by Doherty et al. [45, 47]. The low solubility of S within the Ni matrix results in its 
segregation to the grain boundaries where it forms a low melting-point eutectic which 
provides a crack propagation route and poor intergranular cohesion. The impact of S 
contamination can be reduced if certain minor elements can produce stable sulphides 
(typically Hf or Zr) as previously discussed.  
Other elements known to segregate, or to form brittle phases are as follows [2]: 
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- Silicon, Si 
- Phosphorus, P 
- Lead, Pb 
- Bismuth, Bi 
- Tellurium, Te 
- Selenium, Se 
- Silver, Ag 
It should be noted that the property-sensitivity to these elements is not universal; research 
presented by Shekhar et al. [48] shows that the properties of CM247LC are not as sensitive to 
minor additions of Fe, Mn, Si and Sn as previously believed.  
In addition to these detrimental elements, it is possible for the formation of detrimental phases 
from the addition of the minor beneficial elements as follows [2]: 
-  phase – Rhombohedral in structure and generally formed by high levels of 
Molybdenum or Tungsten. (Co2W6, (Fe, Co)7(Mo, W)6) 
- Laves phase – Hexagonal in structure, not generally found in Ni-base superalloys, 
formed after extended high temperature exposure. (Fe2Nb, Fe2Ti, Fe2Mo, Co2Ta, 
Co2Ti) 
-  phase – Tetragonal in structure, not commonly found in Ni-base superalloys, formed 




C. (FeCr, FeCrMo, CrFeMoNi, 
CrCo, CrNiMo)  
2.6.  Specific Metallurgy and Properties of CM247LC 
The nickel base superalloy CM247LC is the primary focus of the work presented within this 
thesis. The alloy composition is as listed in Table 2.3: 
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Table 2.3: Nominal composition of CM247LC (wt.%) [32] 
C Cr Ni Co Mo W Ta 
0.07 8 Bal. 9 0.5 10 3.2 
Ti Al B Zr Hf Si[49] S[49] 
0.7 5.6 0.015 0.01 1.4 0.03 (Max) 15 ppm (Max) 
Density (g/cm
3
)  M.P. Range (C)   
8.54  1310 - 1375   
 
CM247LC was developed in the 1970’s and is a derivative of the more commonly used 
MAR-M247 with minor chemistry changes originally implemented to tailor the alloy to 
Directionally Solidified (DS) casting application. The general structure follows that as 
outlined in the previous sections consisting of a  matrix hardenable by the precipitation of the 
coherent  phase with discrete particulate carbides acting as grain boundary strengtheners. 
The key differences between the old MAR-M247 and the modified CM247LC are presented 
by Harris et al. [49].  
Tighter controls were imposed on the detrimental elements Si and S when compared with 
MAR-M247 (0.1 wt.% Max  0.03 wt.% Max and 150ppm  15ppm respectively); this 
reduced the tendency for grain boundary cracking. Zr and Ti were lowered (0.03 wt.%  
0.01 wt.% and 1 wt.%  0.7 wt.% respectively) to reduce its segregation to the grain 
boundaries and to accommodate for the tighter S controls.  
The ‘LC’ (low-carbon) denotes a reduction in carbon (0.15 wt.%  0.07 wt.%) which is to 
accommodate the reduction in grain boundaries in DS castings compared with equiaxed 
structures and also to reduce the formation of large carbides which act as weak point within 
the structure. The corresponding reductions in Ti, W and Mo accommodate the lower C and 
reduce the chance of the formation of  phase.        
Figure 2.27 shows data presented by Kim et al. [5] highlighting the influence of the casting 
technique and heat treatment on the tensile properties of cast CM247LC. The bars were cast 
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either conventionally (CC) or directionally (DS) and subjected either to an ageing only 
treatment (HTA: 871C, 20h) or a full solution and ageing treatment (HTSA: Solution, 1260 
°C, 2h; 1
st
 age, 1079 °C, 4h; 2
nd
 age, 871 °C, 20h). The DS material shows improved UTS 
over the CC material and the full heat treatment (HTSA) shows an improvement over the aged 
only (HTA) condition as shown in Figure 2.27 (a). Figure 2.27 (b) also illustrates that the DS 
material displays greater high temperature ductility (tested longitudinally) compared with the 
CC material. 
 
Figure 2.27: Data (Reconstructed from source) showing (a) the variation of UTS and (b) elongation with 
different casting and heat treatment techniques for CM247LC (CC: Conventionally Cast; DS: 




Further tensile data for CM247LC is presented in a later paper by Kim et al. [50] based upon 
conventionally cast (equiaxed) material following a full heat treatment. Very early tensile data 
on DS cast but aged only CM247LC is presented by Harris et al. [49]. Figure 2.28 shows a 
comparison of these three data sources. The UTS of the material seems to be greatly improved 
by DS and full heat treatment; this is likely to be due to the improved high temperature 
ductility of this material as shown in Figure 2.28 (b).  
Figure 2.29 shows some individual creep curves presented by (a) Maldini et al. [51] and (b) 
Satyanarayana et al. [52] for DS cast CM247LC. It should be noted that CM247LC shows 
mainly an extended tertiary creep regime in the curves showing data above 800C and at 
lower temperatures displays a short region of primary creep preceding this, as is typical of 
Ni-base superalloys [1] .    
Larson-Miller Parameter (LMP) plots are useful as they combine the time and temperature 
parameters allowing for direct comparison between sources. LMP is calculated by Equation 2: 
LMP = T(20+log10t)  - Eq. 2 
T = Temperature (K); t = Time (h) 
Figure 2.30 shows LMP curves/data presented by various authors [2, 49, 51, 52] for DS cast 
and fully heat treated CM247LC; these appear to show good agreement with each other and 
provide a basis for literature comparisons. The heat treatments relating to each of the sources 
is presented in Table 2.4:  
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Table 2.4: Heat treatments applied to mechanical test samples for various sources. 
Source Heat Treatment 
Kim et al. [5, 50] 1260C, 2h; 1079C, 4h; 871C, 20h (unspecified cooling) 
Harris et al. [49] 1250C, 5h; 982C, 4h; 871C, 20h (unspecified cooling) 
Maldini et al. [51] 1260C, (unspecified time); 1079C, 4h; 871C, 20h (All 
Rapid Fan Quenched)  
Satyanarayana et al. [52] 1260C, 3h (Argon Quench); 1080C, 4h (Argon Quench); 
870C, 20h 




Figure 2.28: Compiled data presented by Kim (2008) [5], Kim (2011) [50] and Harris (1984) [49] showing 





Figure 2.29: Creep data presented by (a) Maldini et al. [51] and (b) Satyanarayana et al. [52] (3mm test 
section) (Reconstructed from source) for DS cast and fully heat treated CM247LC  
 
Figure 2.30: Larson-Miller Parameter data for DS cast and fully heat treated CM247LC compiled from 
curves presented by Donachie & Donachie [2], Harris et al. [49], Maldini et al. [51] and individual points 




2.7.  Specific Metallurgy and Properties of CMSX486 
The alloy CMSX486 is of secondary focus within this thesis. The composition is listed in 
Table 2.5 [53]:  
Table 2.5: Nominal composition of CMSX486 (wt.%) [53] 
C Cr Ni Co Mo W Ta 
0.07 5 Bal. 9.3 0.7 8.6 4.5 
Ti Al B Zr Hf Re  
0.7 5.7 0.015 0.005 1.2 3  
 
Due to its unusual nature, there is relatively little published research on the alloy CMSX486. 
The alloy background, chemistry and creep data can be obtained from two papers presented 
by Harris & Wahl [53, 54]. CMSX-486 is a derivative of the widely used CMSX-4 which has 
been modified to contain grain boundary strengthening elements (C, B); this modification 
allowed for ‘single-crystal’ castings able to accommodate some higher angle grain boundaries 
(upto 9-12 misorientation).  
The chemistry of CMSX486 is very similar to CM247LC. The higher levels of Al and Ta 
encourage a greater  volume fraction and some W has been substituted for Rhenium (Re). 
Early research published on the addition of Re to a nickel-base superalloy is presented by 
Giamei & Anton [55] in 1985 and concludes that Re segregates to the  matrix conferring 
addition strength through solid solution hardening. It is also shown that Re slows  
coarsening at higher temperatures and so improves component life. The hardening effect of 
Re on the  matrix is confirmed by nano-indentation in the research presented by Durst & 
Göken [56] examining three single crystal alloys with increasing Re levels (CMSX-6, CMSX-
4 and CMSX-10). Finally, recent work by Liao et al. [20] shows that 3 wt.% Re addition to 
MAR-M247 can improve the UTS, YS and creep (150h  260h at 871C 379MPa) 
significantly due to finer  precipitation and solid solution hardening of the  matrix. A 
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typical as-cast microstructure for CMSX-486 is presented by Ola et al. [57] in Figure 2.31. A 
publication by Wilson et al. [58] suggests an appropriate heat treatment (1318C, 2h, gas 
quenched; 1140C, 6h, air cooled; 871C, 20h, air cooled).  
Creep curves of cast and heat treated CMSX486 are presented by Harris & Wahl [53], Figure 
2.32, for temperatures 982C, 1038C and 1093C. These are accompanied by a Larson-
Miller plot (also presented by Harris & Wahl [54]) of cast and heat treated CMSX486 as show 
in Figure 2.33.  
 
Figure 2.31: SEM Micrograph showing as-cast microstructure of CMSX-486.  precipitates, / eutectic 





Figure 2.32: Data (Reconstructed from source) showing creep curves for fully heat treated CMSX-486 for 
different temperatures [53]. 
 
 
Figure 2.33: Data (Reconstructed from source) showing Larson-Miller relationship of cast and heat treated 




2.8.  Specific Metallurgy and Properties of IN625 
IN625 is also a secondary focus of some of the research presented in this thesis. Its 
composition is listed in Table 2.6 [1]: 
Table 2.6: Nominal composition of IN625 (wt.%) [1] 
Cr Mo Nb Al Ti Fe C Ni 
21.5 9.0 3.6 0.2 0.2 2.5 0.05 Bal. 
 
IN625 differs from CM247LC and CMSX-486 in that strength is obtained mainly through the 
solid-solution strengthening of the  matrix through the elements C, Cr and Mo [59]. 
Typically there is no observed precipitation of the  rather precipitation hardening occurs 
through the precipitation of the body-centred tetragonal  phase (Ni3(Nb, Ti, Al)) [59, 60]. 
This is precipitated as ellipsoidal particles as presented by Shankar et al. [59], Figure 2.34.  
 
Figure 2.34: Dark-field TEM Micrograph showing ellipsoidal  precipitates in IN625 [59]. 
 
The research presented by Shankar et al. [59, 60] concludes that in-service ageing can 
significantly improve the mechanical (creep) properties of IN625 through precipitation of the 
 phase.  
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Tensile data for IN625 is presented in Figure 2.35 [2, 59]; the room temperature properties 
presented by Shankar et al. show similar yield strength to the Donachie data, but a much 
greater ductility.  
 
Figure 2.35: Tensile data collated as presented by Donachie [2] (wrought alloy data, no heat treatment 
provided) and Shankar et al. [59]  (solution annealed condition: 1150C, time not provided) for IN625. 
 
A Larson-Miller plot for IN625 (collated from data presented by Donachie [2]) is presented in 
Figure 2.36.  
 




2.9.  DSC of Nickel Superalloys 
Differential Scanning Calorimetry (DSC) is a technique that uses the difference between 
energy change during heating of a material sample and reference sample pan. This technique 
can be used to calculate various energies and physical characteristics for the sample material; 
the technique is extensively documented in traditional texts [61].  
Within nickel-base superalloy metallurgy one of the key uses of DSC is to identify the 
solution treatment window which lies between the  solvus temperature and solidus of the 
material. This application of DSC is detailed in two papers by Sponseller [62] and Chapman 
[63]. Figure 2.37 shows the key features of the DSC curve for MAR-M247.  
 
Figure 2.37: Diagram presented by Sponseller [62] showing a heating (10C/min) DSC curve for 
MAR-M247 highlighting the key features around the  solvus temperature.  
 
This schematic representation is supported by the annotated DSC results presented by Zhao et 
al. [64] (investigating the effect of Nb addition to a Ni superalloy); additionally Wang et al. 
[65] present DSC curves for CMSX486.  
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2.10.  Brief Overview of ALM Techniques 
‘Additive Layer Manufacturing’ (ALM) is an overall term that refers to a collection of 
manufacturing techniques which all share the following general methodology. Initially a 
3-dimensional shape in the form of a CAD file is virtually broken down and approximated to 
a sequence of 2-dimensional slices of a fixed thickness. Some physical process then forms 
each of these slices in turn and bonds it to the previous; the physical shape is formed by the 
repetition of this process.  
Early ALM techniques are typically known as rapid prototyping (RP) technologies and 
emerged in the late 1980’s. These generally revolve around the formation of polymer shapes 
and demonstration pieces and include 3D-printing, stereolithography and plastic selective 
laser sintering (SLS). A comprehensive review of these techniques is presented elsewhere 
[66].  
The evolution of these technologies into Rapid Manufacturing (RM) techniques has occurred 
in the past decade and involves the movement towards fully dense, metallic and functional 
components. During this evolution there has emerged a certain amount of overlap between the 
different techniques particularly around SLS (Selective Laser Sintering) (polymers), SLS 
(metals), SLS (metal with binder) and SLM (Selective Laser Melting) techniques; this 
ambiguity is clarified in technology reviews by Levy et al. [67] and Santos et al. [68].   
Emerging are the two key ALM techniques for the production of fully dense and functional 
parts: Direct Laser Fabrication (DLF or LENS) and SLM. DLF is similar to a laser cladding 
process where metal powder is injected via an argon gas stream into the focal point of a laser 
all mounted on a CNC style actuator system. The volume of research on the DLF process is 
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too large to summarise here, however the fundamentals of the process can be obtained in the 
papers by Wu & Mei [69], Lewis & Schlienger [70] and Mazumder et al. [71].  
The SLM process is very similar to an SLS process in terms of principle and equipment with 
the key difference being that the metal passes through a fully molten state and so fully dense 
material is produced (See the review by Kruth et al. [72] for a full explanation of SLS 
consolidation mechanisms). A schematic arrangement of an SLM system can be seen in 
Figure 2.1.  
 
Figure 2.38: Schematic diagram showing the key operation of an SLM system 
 
The essential stages of operation are as follows:  
- The powder platform is raised presenting a small amount of powder proud of the build 
surface. 
- The recoater blade moves across the powder and build platforms; spreading a thin 
layer of powder across the build plate and previously built layers. 
- A computer controlled laser selectively melts the current build slice and re-melts some 
of the previous layer ensuring good bonding between the two. 
- The build platform moves down by the thickness of a single slice. 
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- The process is repeated until the component has been completely fabricated.  
A comparison between the DLF and SLM techniques is presented by Wu [73] and finds the 
following key differences: SLM has the ability to produce very complicated shapes at high 
dimensional accuracy with a ‘good’ surface finish, although the build sizes are limited to the 
dimensions of the machine; DLF can produce at much higher material deposition rates, gives 
the possibility for component repair/additive methodology & functionally graded materials 
(Wu et al.[74]) and can typically operate on a larger scale than SLM although it shows much 
poorer surface finish and low dimensional control (as such is limited to relatively simple 
shapes) and poor powder capture rates. This makes the re-use of powder problematic due to 
partial melting or oxidation of the un-captured particles. Both processes suffer from residual 
stress issues in the fabricated material due to localised rapid heating/cooling.  
The work presented in this thesis concerns SLM.  
2.11.  Early Attempts to Characterise the SLM Process 
Early/fundamental attempts to examine the SLM process have revolved around single laser 
line scan tracks across (typically steel) powder. It is difficult to resolve the findings of these 
studies with the complex behaviour observed in the wider SLM process however the key 
publications are summarised here:  
‘Balling’ is typically a focus of these studies and occurs when the laser scan path forms a 
broken series of ‘ball-like’ deposits rather than continuous material, Figure 2.39. Process 
maps produced by Childs et al. [75] examining steel powders show that scan speed is a 
significant parameter governing this behaviour. The research concludes that there is an upper 
threshold of scan speed at which balling will occur with laser power having very little 
influence. The later research presented by Kruth et al. [76] (Fe based powder) disagreed with 
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this, showing a continuous line of deposited material can be achieved using higher laser 
power at faster scan speeds; this is attributed to the rapidly solidifying melt pool following the 
laser spot.  
 
Figure 2.39: Example of balling in a single line of  laser deposited iron based powder [77]. 
 
Realistically, the study by Childs et al. [75] used impractically slow scan speeds (<15 mm/s), 
therefore it is the research presented by Kruth et al. [76] that is of greater practical interest 
and this overall process map can be seen in Figure 2.40.  
 
Figure 2.40: Process map for the consolidation of single laser line scans of Fe based powder [76].   
 
It is commonly recognised that balling of the material is caused by the surface tension of the 
melt pool and poor wetting of the substrate material [75, 76, 78, 79]. Additionally, studies by 
Kruth et al. [76] (Fe based powder), Abe et al. [78] (Ni based powder) and Niu et al. [79] 
(steel powder) state that oxide layers reduce the wetting ability of the solidifying material and 
as such SLM is typically carried out under inert atmosphere.   
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Further research by Childs et al. [80] (steel) examine the raster scanning of a single layer of 
powder to map the onset of porosity with respect to power and scan speed. It is suggested that 
porosity onset is due to balling, however research by Rombouts et al. [81] argues that balling 
is a feature of single laser scan experiments and that the same principles do not apply in SLM. 
2.12.  Microstructure within SLM Fabricated Nickel Superalloys 
Much of the early research attempting to characterise microstructure within laser-fabricated 
materials (both SLM and DLF) was carried out in the early 2000’s revolving around 
Ti-6Al-4V [82-85]. One of the consistent microstructural features from these studies is the 
occurrence of columnar grains elongated in the build (or ‘Z’) direction. 
Following these studies there has been an increased interest in the laser-fabrication of nickel 
superalloys and specifically IN718 [86-90], which proved to be a good candidate material due 
to low weld-cracking susceptibility and good mechanical properties (75% of wrought 
RT-tensile properties according to Tabernero et al. [88]) and IN625 [91-94] which also shows 
low weld-cracking susceptibility and good mechanical properties when laser-fabricated. 
Similar to the research regarding Ti-6Al-4V, both of these alloys (and the various other nickel 
alloys investigated) show columnar grains elongated in the build direction. These columnar 
grains can be clearly seen in the micrograph presented by Vilaro et al. [95] in Figure 2.41 




Figure 2.41: SEM Micrograph showing SLM fabricated IN263 with clearly visible columnar grains 
elongated in the build direction (Z) and ‘fishscale’ weld pattern [95]. 
Also visible in Figure 2.41 is the ‘fishscale’-like weld pattern caused by each scan pass of the 
laser. This weld pattern is a common feature of SLM-fabricated nickel alloys and is also 
reported in research on IN718 [86] regarding IN718 and Hastelloy X [96]. In all cases, the 
columnar grains were shown to grow epitaxially across these weld patterns from one layer to 
the next. This epitaxial growth can be related to the partial re-melting of the grains in the 
previous build layer and the directionality is due to the preferential heat transfer route down 
through the deposited material rather than outwards into the surrounding powder (or 
atmosphere in the case of DLF). The theory behind epitaxial growth in SLM is presented 
elsewhere [97].  
Further proof that this columnar structure is caused by the heat flow within the material is 
presented by Dinda et al. [93] regarding the DLF of IN625 where the columnar structure is 
clearly shown to incline towards the direction of the laser head and alternate with each layer 




Figure 2.42: Micrograph showing DLF deposited IN625 with columnar features inclined toward the 
direction of laser movement for each layer [93].  
Research by Chen & Xue [98], Zhao et al. [87] and Amato et al. [86] all show a further fine 
columnar dendritic structure within the elongated grains. The micrograph presented by Chen 
& Xue [98] in Figure 2.43 shows this structure clearly with the columnar grains visible under 
low magnification and the fine dendritic structure visible under a higher magnification. 
 
Figure 2.43: Micrograph showing columnar grains with ‘fishscale’ weld pattern (left) and the fine 
dendritic structure within the grains under higher magnification (right) within IN738 processed by DLF 
[98].  
 
Similar structures observed in the DLF samples of Zhao et al. [87] show a <100> orientation 
and in the study based around the deposition of IN738 by Zhong et al. [99] fine carbide chains 
can be seen decorating the borders of these features. 
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Interesting grain structures have been observed in DLF fabricated material resulting from 
rapid cooling at the edge of laser scan lines. Research published by Moat et al. [100] 
(Waspaloy) and Liu et al. [101] (IN718) show fine grained regions lying between the large 
columnar regions at the edge and centre of the laser scan path respectively. This bimodal 
structure can be seen in the micrograph presented by Liu et al. [101] in Figure 2.44.  
 
Figure 2.44: Micrograph showing regions of columnar and fine grains in DLF fabricated IN718 [101]. 
 
Most of the research into the laser fabrication of nickel superalloys revolves around solution-
strengthened (or  hardenable material) however an interesting result is shown in research by 
Chen & Xue [98] regarding the  structure in IN738. It is stated that in the as-fabricated 
condition the  is suppressed due to the high cooling rates that material shows effectively a 
solution treated structure with a super-saturated  matrix. This is a key point in understanding 
what further heat treatments must be carried out in order to produce the ideal microstructure 
and good material properties.  
A final point to note is research into the use of a post-fabrication HIPping (Hot Isostatic 
Pressing) treatment to close internal defects. Research by Blackwell [90] shows that in DLF 
deposited IN718, the HIP treatment can improve material properties by eliminating the 
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defects between build layers. Wu et al. [96] uses this technique to eliminate porosity within 
SLM-fabricated Hastelloy X to produce a higher density material and finally Zhao et al. [102] 
utilises this method to successfully close internal cracks in DLF fabricated Rene88DT.  
2.13.  Residual Stress within SLM Fabricated Materials 
The occurrence of high and detrimental residual stresses within laser fabricated components 
due to localised heating/melting and cooling/solidification is well known. For the DLF 
process, various researchers have measured [100, 101, 103] and attempted to model [104, 
105] these stresses, although this is generally for simple thin walls and a simple scan path. 
The complicated scan paths used in SLM-fabrication make drawing conclusions from 
measurements and modelling very difficult.  
Some meaningful conclusions have been drawn and may prove useful in the future removal or 
control of these residuals. Research presented by Kruth et al. [76] shows that the residual 
stress is dependent on the laser scan strategy; a simple raster scanning appears to show high 
stress in one direction (transverse to the path) but almost zero longitudinally to the path; 
conversely an ‘island’ style shows a greater, but much more balanced residual stress level.  
Research presented by Abe et al. [78] examining the SLM of steels shows that a 2
nd
 laser 
following the first has the ability to reduce the residual stress and improve the ductility by 
either reducing the cooling rate, or reheating to provide in-situ stress relief. The research by 
Shiomi et al. [106] goes further stating that the highest residual stresses lie at the top of the 
fabricated material as the top layers have had fewer subsequent heating/cooling cycles and 
suggests three different methods of heat treatment for stress-relaxation: A post-fabrication 
heat treatment resulted in a 70% reduction in residual stress; the laser rescanning or each layer 
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during fabrication resulted in a 55% reduction in residual stresses and a pre-heated substrate 
resulted in a 40% reduction in residual stresses. 
2.14.  The Welding of Nickel Superalloys: Cracking Mechanisms and Process Mapping 
Due to the localised heating/melting of material, laser processing (both SLM and DLF) can be 
considered analogous to welding. It is well documented that precipitation hardenable nickel 
superalloys with a high  fraction are susceptible to weld cracking. Figure 2.45 shows a plot 
presented by Donachie [2] illustrating the Al and Ti ( forming elements) and an empirical 
line representing the boundary between materials considered to be weldable and un-weldable 
due to their cracking susceptibility. This method of weldability assessment is also supported 
by Henderson et al. [107] although it must be emphasised that this does not take into account 
the mechanisms or the complex microstructural effects governing weldability; the values for 
CM247, CMSX486 and IN625 have been added to the plot. Note that CM247 and CMSX-486 
lie firmly in the ‘un-weldable’ region whereas IN625 appears in the weldable portion of the 
plot.  
 
Figure 2.45: Plot  (Reconstructed from source) showing the Al and Ti contents of various nickel superalloys 
(including CM247LC, CMSX-486 and IN625). The dashed line indicates an empirical boundary between 




Work by Dye et al. [108] has shown it is possible to construct a map for welding of 
Ni-superalloys by identifying the potential defects which may occur as a function of the 
effective weld power and weld speed. An example of this type of weldability map (developed 
for IN718) is shown in Figure 2.46.   
 
Figure 2.46: Typical (TIG) weldability map for IN718 [108] 
 
The research by Rush et al. [109] also presents a parametric study aimed to map the process 
parameters of laser welding to cracking within Rene 80. The research presented by 
Egbewande et al. [110] and Zhong et al. [99] (both regarding IN738) are less complete, but 
still show some attempt to relate to the process parameters to the crack occurrence within the 
material. In general terms all three of these studies show that by reducing the heat input the 
occurrence of cracking is reduced.  
Based on a review of the relevant literature, four cracking mechanisms associated with the 
welding of nickel superalloys have been identified; these mechanisms are identified, 
discussed and documented relationships to processing parameters identified:  
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i. Solidification Cracking (Hot Tearing) 
This mechanism is described in general by traditional texts on the subject such as that of Kou 
[111] or DuPont et al. [112] as occurring in the partially liquid phase during the solidification 
of the material. Dye et al. [108] present an extensive numerical analysis of weld cracking in 
nickel superalloys and describe solidification cracking succinctly as occurring when the solid 
fraction (fs) is in the range of 0.7-0.9 (depending on material and sources). During this range, 
the movement of the remaining liquid is restricted by the growing dendrites and, under the 
action of the solidification stress, it is unable to backfill into the contracting regions causing 
cracks to open. Kou [111] expands on this by stating that the solidification cracking 
susceptibility is increased with increasing solidification range (i.e. Difference between solidus 
and liquidus of material). It is also stated that the crack wall shows a distinctive dendritic 
morphology where the crack has formed between the solidifying dendrites; Figure 2.47 shows 
a micrograph presented by Kou [111] of this phenomenon in a steel solidification crack. 
Similar observations of an “unusual cellular structure” on the crack wall of thin walled 
castings of the nickel superalloy MAR-M246 were reported by Winstone & Northwood [113].  
 
Figure 2.47: Micrograph  showing dendritic structure on the wall of a solidification crack present in 308 




The weld mapping performed by Dye et al. [108],  regarding IN718, shows that solidification 
cracking tends to occur under low welding speeds and high effective power (i.e. high heat 
input; Figure 2.46). The research presented by Rush et al. [109] identifies the occurrence of 
solidification cracking to be restricted to cracks showing a very high Average Crack Length 
(ACL) occurring under high power/small beam diameter (i.e. high heat input) laser welds of 
Rene 80. Egbewande et al. [110] also supports the idea of solidification cracking under high 
heat input (in laser welded IN 738) as a significant reduction in cracking is shown when 
moving from 0.5 – 1 m/min weld speed. This reduction in cracking is linked to the 
elimination of cracks which appear to be caused during solidification (based on the 
micrographs presented).   
ii. Liquation Cracking 
Grain boundary liquation in nickel superalloys is widely reported; The papers presented by 
Henderson et al. [107] and Attallah et al.[114] summarise this phenomenon by describing it 
as occurring when material is heated rapidly to a high temperature, but not above the overall 
melting point of the bulk material. Under these conditions some grain boundary phases are 
unable to dissolve rapidly enough into solid solution and can form low-melting point phases 
(such as eutectics) at the grain boundaries. These phases can melt and form liquid grain 
boundary films which can act as crack initiation points under residual or thermal stresses.  
The precise composition of the liquid phases varies from alloy to alloy. In solid-solution and 
-strengthened alloys, liquation is generally attributed to carbides [109, 115, 116], however 
in -strengthened, grain boundary  (or the formation of a / eutectic under rapid heating) 
has been attributed to liquation [99, 110, 117].  
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Figure 2.48 shows a micrograph presented by Thompson & Radhakrishnan [116] revealing 
the interdendritic liquation in a sample of IN718 following heating and quenching. In this 
situation stress was not applied so the liquated phase resolidified in the interdendritic region 
without cracking. Figure 2.49 shows a micrograph presented by Sidhu & Chaturvedi [117] of 
the HAZ (Heat Affected Zone) in welded Rene80; here the thermal stress imposed by the 
weld has shown that the liquation film acts as a crack initiation point along the grain 
boundary. The propagation of cracks along grain boundaries is further explored by Zhong et 
al. [99] in laser deposited IN738 onto a DS superalloy substrate. The micrograph in Figure 
2.50 shows the liquation occurring in the HAZ of the substrate and the crack propagating 
along a grain boundary into the deposited IN738.  
 





Figure 2.49: SEM showing grain boundary liquation and crack propagation in the HAZ of Rene 80 [117]. 
  
 
Figure 2.50: Micrograph showing laser deposited IN738 on a DS superalloy substrate. The liquation 
occurs in the HAZ of the substrate and the crack formed propagates along a grain boundary into the 
deposited material [99].  
 
The micrograph presented by Odabaşi et al. [118] in Figure 2.51 confirms the region subject 
to liquation to be in the HAZ rather than in the fusion zone (laser-welding of IN718). The 
research also shows that liquation is more distinct in samples welded under lower energy 
conditions (i.e. faster weld speed) rather than the higher energy input conditions. This is 
supported by the weld map for IN718 presented by Dye et al.[108] (Figure 2.46) showing 




Figure 2.51: Micrograph showing the occurrence of liquation in the HAZ away from the fusion zone in 
IN718 [118]. 
 
iii. Ductility-Dip Cracking (DDC) 
DDC is not clearly separated in the literature and is often included in the general categories of 
‘reheat cracking’ and ‘hot cracking’; but recently research by Dupont et al. [112] has clarified 
DDC as a separate mechanism. Lippold and co-workers define it as a cracking caused by the 
reduction in ductility occurring in nickel alloys at intermediate temperatures (0.4-0.7 Tm) 
[112, 119]. Much of the literature referring to DDC is in relation to weld filler materials; 
however research by Kim et al. [50] shows a ‘ductility-dip’ in tensile data presented for 
CM247LC in the range 700C - 900C. 
Two differing microstructural mechanisms have been suggested for the occurrence of DDC 
within the literature: That suggested by Lippold et al. and Young et al.   
Lippold et al. [119-123] suggest DDC to be a ‘creep-like’ mechanism which operates at a 
high enough temperature to promote grain boundary sliding, but below the threshold of 
dynamic recrystallisation [119, 122]. It is concluded that the grain boundary sliding leads to 
stress concentrations and ultimately the formation of voids on grain boundary features. Within 
these, papers by Lippold et al [119, 120, 122] discuss the factors influencing DDC 
occurrence. Triple point boundary intersections were shown to be points of severe stress 
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concentrations in material showing relatively smooth/straight grain boundaries. Fine grain 
boundary particles (carbides) were able to provide some grain boundary locking in order to 
reduce the occurrence of voids at the triple point intersections; however the particles 
themselves became sources of stress concentration. Tortuous grain-boundaries can also 
provide greater resistance to DDC when combined with the effect of fine grain boundary 
particles and ultimately larger grain boundary particles added a microstructural locking effect 
further adding to the DDC resistance. Figure 2.52 presented by Lippold & Ramirez [122] 
shows the general scheme from ‘triple point stress’ to ‘particle stress’ to the division of stress 
between the particles and the ‘tortuous grain boundaries’.  
 
Figure 2.52: Diagram showing the high strain concentrations at triple point boundaries (a) the movement 
of the high strain regions with the addition of grain boundary particles (b) and finally the division of the 
high the inclusion of a tortuous grain boundary [122]. 
  
The final point to note is that Lippold et al. [120] also concluded that the susceptibility to 
DDC is increased at high angle grain boundaries.  
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Research presented by Young et al. [124] suggests a different mechanism that is due to the 
precipitation of partially coherent carbides at grain boundaries under intermediate 
temperatures; the stress imposed by these carbides acts upon the grain boundaries forming 
microscopic voids which act as crack initiation points under larger stresses. This is shown 
schematically in Figure 2.53.  
Regardless of the formation mechanism, the onset of DDC can be characteristically seen as a 
series of voids lying on a grain-boundary between carbide particles, Figure 2.54.  
 
Figure 2.53: Diagram (Reconstructed from source) showing schematically the proposed mechanism for 




Figure 2.54: SEM micrograph (poor quality original) showing DDC void formation along a line of carbides 
[124]. 
 
iv. Strain-Age Cracking (SAC) or Post-Weld Heat Treatment (PWHT) Cracking  
SAC is not typically associated with the welding process, but is associated with a post-weld 
heat-treatment (PWHT) of a  precipitation hardenable Ni-base superalloy and is well 
76 
 
documented. SAC may occur during stress-relief treatment following a weld, during an 
ageing treatment or in the ramp phase of a solution treatment. When heated to within the 
ageing region of the alloy, two competing actions occur; the precipitation of the  phase and 
the much slower relaxation of residual stress due to welding. The precipitation of  increases 
the material strength whilst reducing ductility [2, 107]). Rowe [125] reports that an additional 
stress is induced due to the reduction in volume inherent in the precipitation of  from solid 
solution. The combination of these two stresses combined with the reduction in ductility can 
exceed the material strength causing cracks to open. Henderson et al. [107] reports that these 
cracks typically open at grain boundaries with particulate carbides acting as initiation points.  
Figure 2.55 presented by Donachie [2] graphically shows this sequence of events: 
 
Figure 2.55: Diagram showing the potential sequence of events leading to SAC [2].  
 
2.15.  Concluding Remarks 
This literature review has summarised the factors controlling structure and mechanical 
properties of nickel-base superalloys focussing on CM247LC, CMSX486 and IN625 as they 
are the subject of this research into SLM-fabricated nickel superalloys. Relevant literature on 
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weld cracking has also been summarised due to the similarity between welding and the SLM 
process as well as relevant literature in the field of laser fabrication in general.  
Based on this review it is clear that the thermal history of the material and therefore the 
process parameters will control the microstructure, internal stresses and the tendency for crack 
formation. It is also apparent that further post-fabrication treatments will be necessary to 
refine the as-fabricated structure in order to produce the optimum material properties.  
The literature review has identified the following knowledge gaps and how they are to be 
addressed by the research contained within this thesis:  
 General lack of research regarding the SLM fabrication of  hardenable Ni-base 
superalloys. 
o The  hardenable alloys CM247LC and CMSX486 have been the subject of 
investigation within this thesis. 
 Lack of research relating SLM process parameters on the defect formation (specifically 
cracking) within Ni-base Superalloys. 
o Parametric studies into the influence of processing parameters on defect formation 
within Ni-base superalloys CM247LC, CMSX486 and IN625 are presented. 
 Lack of research attempting to characterise cracks within SLM fabricated Ni-base 
superalloys. 
o Microstructural evidence is presented to characterise and suggest cracking 
mechanisms within SLM fabricated CM247LC.  
 Lack of research investigating the influence of the laser scan strategy during SLM on the 
microstructure of the final materials.  
78 
 
o Grain structure observations and EBSD data for SLM fabricated CM247LC are 
presented to illustrate the influence of the ‘island’ scanning strategy on the 
material.   
 The  structure of SLM fabricated Ni superalloys has not been fully addressed 
o The evolution of the  structure throughout the proposed processing route of SLM 
fabricated CM247LC is presented.  
 Limited research detailing the mechanical properties of SLM fabricated Ni-base 
superalloys. 
o Tensile (CM247LC, CMSX486 & IN625) and Creep (CM247LC & CMSX486) 
properties for the SLM fabricated alloys are presented with some insight into the 
influence of the processing route.    
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CHAPTER 3: EXPERIMENTAL METHODS 
This chapter details the experimental methods used in the processing, sample preparation and 
characterisation of materials investigated within this thesis.  
3.1.   Materials 
The processability of three different nickel-base superalloys was investigated in this study. 
The materials contained varying levels of the  forming elements: IN625 (Low ), 
CM247LC (High ) and CMSX486 (Very High ). CM247LC is the primary focus of the 
study, as stated in Chapter 2, however IN625 and CMSX486 were also investigated to show 
the influence of the  content.  
All investigated powders were produced by argon gas atomisation (details regarding gas 
atomisation can be found elsewhere [1]) and supplied by either LPW Technology Ltd. (UK) 
or Carpenter Technology Corporation (USA). The powders are defined by batch as shown in 
Table 3.1 with the relevant material names, particle size classification and date of purchase.  














CM247LC LPW247LC-2 P100511C01 +15-53 µm LPW 25 Kg 01/2010 
CM247LC LPW247LC-2 UK1091 +15-53 µm LPW 18 Kg 02/2011 
CM247LC LPW247LC-2 UK1152 +15-53 µm LPW 82 Kg 02/2011 
CMSX486 N/A CPP 486 -50 µm Carpenter N/A N/A 
IN625 LPW625-2 UK1180 +15-45 µm LPW 25 Kg 01/2012 
 
For the SLM process, Concept Laser has advised the use of powder within the size range 
+15-53 µm to ensure good spreading within the machine; this size range is empirical. 
Following SLM, all powders were re-sieved to 65 m before being reused; this was in an 
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effort to eliminate any larger contaminants and any particles formed due to weld spatter 
during SLM; powder size verification is discussed in Chapter 4.   
3.2.  Measurement of Powder Particle Size Distribution 
Measurement of the powder size distribution was carried out before SLM processing to verify 
the supplied size fraction and assess the ‘spreadability’ of the powder prior to processing.  
The particle size distribution was measured using the CoulterLS230 laser diffraction particle 
size analyser (technique details can be found elsewhere [1]) fitted with small-volume module 
located in the School of Metallurgy and Materials, University of Birmingham (Met. & Mat. 
UoB). A small quantity of powder (approx. 2-3 g) was suspended in distilled water before 
being inserted into the machine. A pump speed of 38% (of the maximum) showed a good 
result without any obvious indication of powder settling within the machine.  
3.3.  Chemical Composition Analysis 
Chemical analysis of the supplied CM247LC powder and two SLM fabricated samples using 
the same material was performed externally by Incotest UK in order to confirm the alloy 
composition and quantify any compositional changes due to SLM.  
Carbon and Sulphur contents were measured using a LECO CS444 infrared (IR) gas analysis 
system. This method involves the combustion of the material in oxygen followed IR analysis 
in order to determine the levels of CO2 and SO2 in the resultant gas [2].   Nitrogen and 
Oxygen contents were measured using a LECO TC436AR inert gas fusion analysis system. In 
this process the material sample is heated in a graphite crucible under inert atmosphere 
(typically helium). The oxygen bonds with the carbon to form either CO or CO2, which is 
measured using IR analysis, whereas nitrogen is released as N2 and measured using thermal 
conductivity [3].   All the remaining elements (Cr, Ni, Co, Mo, W, Ta, Ti, Al, B, Zr, Hf, Si, P, 
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Fe, Mg) were measured using Inductively Coupled Plasma (ICP) Optical Emission 
Spectrometry (OES). This technique involves heating of a sample by gas plasma resulting in 
light energy emissions from the sample of different characteristic wavelengths. This radiation 
is analysed by spectrometry to determine the composition of the original sample. Further 
explanation of the principles and practice of these techniques can be readily found in literature 
relating to chemical analysis [4].    
3.4.  Selective Laser Melting 
The SLM fabrication of final demonstrator components delivered to the industrial sponsor and 
specimens for the microstructural examination and mechanical testing studies within this 
thesis was carried out using the Concept Laser M2 system (Met. & Mat. UoB). Some 
preliminary investigations into the feasibility of using the SLM process to build complex 
geometries within industrial specified dimensional tolerances were carried out using the 
EOSint M270 system (University of Wolverhampton). Whilst these preliminary studies do not 
form a part of the scientific component of this thesis, they did give valuable insight into the 
practical application of SLM.  
This section focuses on the key variables and experimental parameters. Further details on file 
preparation and standard operating procedures and practices are detailed in Appendix A. The 
surface of the powder-bed is defined as the X-Y with recoater blade moving parallel to the 
X-axis. As the recoater movement cannot be established from microstructural examination, 
‘X’ and ‘Y’ labels on micrographs are for indication of the view-plane only and do not relate 
to the sample orientation within the M2. The build direction lies perpendicular to the X-Y 
plane and is defined as the Z-axis.  
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The technical specifications of the two SLM systems are listed in Table 3.2 (Note: The 
Concept Laser M2 has a fixed focus and as such the beam diameter is not a variable 
parameter):      
Table 3.2: Technical Specifications for both Concept Laser M2 [5] and EOS EOSint M270 [6] SLM 
systems. 
SLM System Concept Laser M2 EOS EOSint M270 
Laser Type Yb-fibre Continuous Wave Yb-fibre Continuous Wave 
Laser Power  Variable 200W Variable 200W 
Max. Scan Speed  7000 mm/s 7000 mm/s 
Spot Size  150 m (fixed) 100 – 500 m 
Default Scan Strategy Randomised Islands 
Simple Raster Scan 
(Rotating with layers) 
Slice Thickness 20 – 50 m 20 – 100 m 
Build Plate Dimensions  250 mm  250 mm 250 mm  250 mm 
Max. Build Height  280 mm 215 mm 
Operating Atmosphere Ar (<0.1% O2) Ar (<0.1% O2) 
Powder Handling 
Integrated inert (Ar) 
chamber 
Air 
Recoater Type Flexible Rubber Solid Steel/Ceramic 
Build Plate Mild Steel or Nickel (IN625) Mild Steel 
 
A general overview of the SLM process is provided in Chapter 2. The laser scanning strategy 
unique to the Concept Laser M2 is referred to as the ‘island strategy’ and is defined as 
follows:  
- For each slice the raster filled area is selectively melted followed by a single laser 
track outlining the slice referred to as the contour. This scheme is illustrated in Figure 
3.1(a) for a simple square slice.  




- Within the islands a simple back and forth laser scan pattern is used with the scan 
vectors being perpendicular to those in the adjacent islands. This island scheme is 
illustrated in Figure 3.1(b).  
- The order in which these islands is selectively melted is randomised; This is a patented 
Concept Laser technique which claims to reduce the residual stress within the 
component [7].  
- With each subsequent layer the island pattern is shifted by 1 mm in both the X and Y 
directions. 
 
Figure 3.1: Diagrams illustrating the M2 laser scan regime: (a) shows the raster and contour regions for a 
simple square slice; (b) shows the island scan regime.  
 
The scan spacing (a1) and island overlap (a2) parameters are illustrated in Figure 3.2 and can 
be defined as follows where d is the laser spot diameter:   
Scan Spacing (m) = a1  d 




Figure 3.2: Diagram illustrating the scan spacing and island overlap parameters on a single island.  
 
The island scan strategy was used for all samples other than a single sample produced using a 
simple back-and-forth laser scanning strategy (presented as a preliminary study in Chapter 5); 
for this lone sample all laser parameters were as listed in Appendix A. 
This thesis focuses on the ‘bulk’ material and therefore all process parameters refer to the 
raster scanned area. Contour scan parameters are listed in Appendix A. 
All specimens SLM processed were supported 3 mm from the build plate. This was done 
either using the automated ‘Magics’ generated supports or using a modified CAD model 
containing custom ‘pin-style’ supports. Details on the ‘Magics’ support generation are 
provided in Appendix A. Dimensions for the ‘pin-style’ supports can be seen in Figure 3.3 (a) 




Figure 3.3: Diagrams illustrating the ‘pin-style’ supports: (a) pin spacings and dimensions; (b) as applied 
to a simple horizontal bar CAD model.  
 
The SLM investigations were performed in seven stages which can be summarised as:  
I. Assessment of SLM process to produce complex geometry 
II. CM247LC parametric study and process optimisation 
III. CMSX486 parametric study and process optimisation 
IV. IN625 parametric study and process optimisation 
V. CM247LC mechanical testing and final component production 
VI. CMSX486 mechanical testing and final component production 
VII. IN625 mechanical testing and final component production 
For each of the stages the key parameters or parameter ranges are listed in Table 3.3: 

















I EOS 195 1000 0.8 N/A N/A CM247LC 
II M2 150-200 400-2000 0.53-0.2 0.15 5 CM247LC 
III M2 100-200 500-2000 0.2-0.8 0.15 2-8 CMSX486 
IV M2 100-200 1000-3000 0.2-0.8 0.15 5 IN625 
V M2 150 1500 0.3 0.15 5 CM247LC 
VI M2 128 1007 0.63 0.15 6.4 CMSX486 
VII M2 200 1700 0.525 0.15 5 IN625 
 
A brief overview of the SLM processing undertaken for each stage is provided:  
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Stage I – Several demonstration components were SLM fabricated using the EOS system 
with Magics supports in order to assess the feasibility of the process to produce particular 
features. 
Stage II – Cuboidal coupons (101020 mm) of CM247LC were SLM fabricated using 
‘pin-style’ supports in order to investigate the influence of the parameters laser power, scan 
speed and scan spacing on the structural integrity and cracking behaviour within the material.    
Stage III – Cuboidal coupons (101020 mm) of CMSX486 were SLM fabricated using 
‘pin-style’ supports in order to investigate the influence of the parameters laser power, scan 
speed, scan spacing and island size on the structural integrity and cracking behaviour within 
the material. The parameters for each coupon were selected using a central composite 
statistical design of experiments methodology as summarised in Appendix B.    
Stage IV – Cuboidal coupons (101020 mm) of IN625 were SLM fabricated using 
‘pin-style’ supports in order to investigate the influence of the parameters laser power, scan 
speed and scan spacing on the structural integrity of the material. The parameters for each 
coupon were selected using a central composite statistical design of experiments methodology 
as summarised in Appendix B.    
Stage V – Utilising the optimised process parameters found in Stage II, cylindrical 
mechanical test bars (  = 12 mm, length = 65mm) were SLM fabricated using ‘pin-style’ 
supports for testing. Additionally at this stage, any components to be delivered to the 
industrial sponsor were also fabricated using ‘Magics’ style supports.  
Stage VI – Utilising the optimised process parameters found in Stage III, cylindrical 
mechanical test bars (  = 12 mm, length = 65mm) were SLM fabricated using ‘pin-style’ 
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supports for testing. Additionally at this stage, any components to be delivered to the 
industrial sponsor were also fabricated using ‘Magics’ style supports.  
Stage VII – Utilising the optimised process parameters found in Stage IV, cylindrical 
mechanical test bars (  = 12 mm, length = 65mm) were SLM fabricated using ‘pin-style’ 
supports for testing. Additionally at this stage, any components to be delivered to the 
industrial sponsor were also fabricated using ‘Magics’ style supports.  
3.5.  Hot Isostatic Pressing (HIPping) 
HIPping was employed as a ‘retro-fix’ solution to close any cracks/porosity within the SLM 
fabricated samples. The influence of HIPping was studied in CM247LC and CMSX486 
mechanical test samples; the IN625 study aimed to assess the as-fabricated mechanical 
properties so HIPping was not carried out on those specimens. A small extension to the 
HIPping investigation examined the effect of an increased cooling rate on the  structure of 
CM247LC.  
The specifications of the HIP vessel are provided in Table 3.4 and the details of the two 
different HIP cycles performed at given in Table 3.5. 
Table 3.4: Technical specifications of the HIP vessel. 
HIP Name/Manufacturer EPSI HIP 
Location Met. & Mat. UoB 
Chamber Dimensions   145 mm, height 300 mm 
Max. Pressure 200 MPa 



















Standard 5C/min 5C/min 1180C 150 MPa 4h 











1260C 150 MPa 4h 
Investigation into 
the effect of HIP 
cooling rate on  
structure 
 
3.6.  Heat Treatment 
Heat treatment was performed on the mechanical test samples of CM247LC and CMSX486 in 
order to homogenise and refine the  structure in order to produce the best possible creep and 
tensile properties. These heat treatments were based on standard practice for castings of these 
materials. Heat treatments for the mechanical samples were carried out in the TAV furnace 
(Met. & Mat. UoB) under vacuum with forced gas quench using argon. All temperatures were 
monitored by in-situ thermocouples to 1C. Details for the heat treatments are provided in 
Table 3.6 with specific heating profiles shown in Figure 3.4 and Figure 3.5 for CM247LC and 
CMSX486 respectively. 
Table 3.6: Heat treatment parameters for samples of CM247LC and CMSX486. 





CM247LC [8, 9] 
1230C - 1260C, 2h, 
Gas Quench 
980C, 5h, Air 
Cooled 
870C, 20h, Air 
Cooled 
CMSX486 [10] 
1318C, 2h, Gas 
Quench 
1140C, 5h, Air 
Cooled 










Figure 3.5: Detailed heating profiles for the three stage heat treatment of CMSX486. 
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A small investigation into the solution treatment temperature for CM247LC was conducted 
using a standard air furnace and an R-type thermocouple (Pt-Rh) positioned close to the 
sample (monitored to  2). Three SLM fabricated and HIPed samples were heated to 
1260C, 1280C and 1300C, held for 2h and manually oil quenched. Oil was used as a 
quenching medium, as a rough approximation to gas in this investigation. Gauging the 
similarity is difficult and depends on the exact nature of the gas flow within the furnace, 
pressure and the gas used. However approximate figures show the heat transfer of oil 
quenching to be much closer to that of high velocity gas than water quenching. These 
approximate values are provided in Table 3.7 [11]. 













    
3.7.  Metallurgical Sample Preparation 
Metallurgical samples were sectioned using either a precision cutter fitted with a SiC cutting 
wheel or by wire EDM. Depending on the investigation being carried out, samples were either 
sectioned longitudinally to the build direction (Z), to view the X-Z plane, or transversely to 
the build direction (to view the X-Y plane). Samples were hot-mounted in conductive 
Bakelite or cold mounted using resin in the case of the DOE due to the large number of 
samples.   
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Initially, all mounted specimens were ground using a coarse grit paper (p240) in order to 
produce a level surface and remove contamination from the cutting procedure. Further 
grinding was carried out in steps down to a p2500 finish, followed by polishing with diamond 
suspensions of 9 µm, 6 µm and final polishing by a 0.05 µm colloidal alumina suspension.  
Two different etchants were used depending on the features of interest:  
To reveal the grain structure, samples were etched by submersion for 5-10 in waterless 
Kalling’s reagent (5 g CuCl2; 100 ml HCl; 100 ml ethanol [12]) then rinsed with ethanol and 
dried.  
To reveal the  structure, samples were electrolytically etched in a 10% (volume) phosphoric 
acid (H3PO4) solution in H2O. This etchant attacks the nickel  matrix leaving the  structure 
intact [13]. The samples were immersed in a glass beaker containing etchant and connected to 
the anode with the cathode being submerged in the solution. Etching was performed using a 
voltage of 4V D.C. for approximately 4 s as illustrated in Figure 3.6. 
 




3.8.   Optical Microscopy 
Optical microscopy was employed to characterise the grain structure within the SLM 
fabricated samples and the porosity within the SLM fabricated IN625. Imaging was 
performed using a Zeiss Axioskop 2 optical microscope equipped with monochrome CCD 
camera. Large area imaging was achieved through the use of the motorised stage and the 
images being reconstructed using the Axiovision (Carl Zeiss) software.  
To quantify the porosity in IN625 samples, 12 images (covering an area of 5.6 mm
2
) were 
taken for each sample at 200X magnification at the mid-thickness of the X-Z section using the 
motorised stage.  
3.9.   Scanning Electron Microscopy (SEM)  
SEM and the associated microstructural analysis tools; Energy Dispersive X-Ray 
Spectroscopy (EDX) and Electron Backscattered Diffraction (EBSD), were used to study the 
microstructural development, features, texture and composition (further details on these 
techniques can be found elsewhere [14]). The studies within this thesis that employed SEM 
microscopy are listed below:  
i. Powder Characterisation  
ii. SLM Process Optimisation: CM247LC 
iii. SLM Process Optimisation: CMSX486 
iv.  Development Through the Processing Route 
v. Influence of Laser Scan Strategy on Grain Structure, Orientation and Cracking 
Technical details of the SEMs used and which of the above studies they were utilised in are 
listed in Table 3.8. Imaging was typically carried out using an accelerating voltage of 20 keV. 
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Table 3.8: Details of the SEMs used and the studies they correspond to. 




Jeol 6060 i, v 




SE, BSE, Oxford INCA EDX 
Phillips XL-
30 
i, ii, iii, iv 
Met. & Mat. 
UoB 




Met. & Mat. 
UoB 
FEG SE, BSE, Oxford INCA EDX 
Jeol 7000 ii 
Met. & Mat. 
UoB 
FEG 
SE, BSE, Oxford INCA EDX. 
WDX, EBSD 







SE, BSE, HKL Channel 5 
EBSD 
 
Details for the use of SEM within each of the studies making up this thesis are provided 
below.  
i. Powder Characterisation 
Powder characterisation was performed to assess the powder morphology, chemical 
composition and microstructure. Powder particles were mounted on conductive tape and 
imaged using the Jeol 6060 to observe their external morphology. Bakelite mounted ground 
samples were imaged using the XL-30 to observe grain structure and signs of chemical 
segregation due to gas atomisation. EDX linescans across particles were used to support these 
observations.   
Powder porosity was quantified using a sample set of SEM images taken of the ground 
samples using the BSE detector. 15 images were captured at 500X magnification, allowing for 
several hundred particles to be analysed.  
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ii. SLM Process Optimisation: CM247LC 
The imaging of individual cracks under high magnification was carried out using both the 
Philips XL-30 (FEG ESEM) and the Jeol 7000. Additionally, several small EBSD maps 
covering individual cracks were produced using the Jeol 7000 system.  
The image sampling for the quantification of defects was carried out using the XL-30. 
Samples were sectioned to reveal the X-Z plane as shown in Figure 3.7 (a) and examined as 
polished. 30 BSE images (covering an area of 7.2 mm
2
) were taken at 0.5 mm intervals along 
each of two lines; the ‘midline’ running down the centre of the sample and the ‘edgeline’ 
running closer to the edge of the sample allowing for comparison between the two regions, as 
illustrated in Figure 3.7 (b). 
 
Figure 3.7: Diagram (Not to Scale) illustrating; (a) the sectioning of the sample; (b) the image sampling 
method for the optimisation study of CM247LC (study (ii)).  
 
iii. SLM Process Optimisation: CMSX486 
The image sampling for the quantification of defects was carried out using the XL-30. 
Samples were sectioned to reveal the X-Z plane as shown in Figure 3.8 (a), and examined as 
polished. For the CMSX486 study the goal was to rapidly evaluate process parameters so the 
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midline/edgeline method was abandoned in favour of a grid sampling method to gain an 
overall view of the defects. 7 BSE images were taken at 2 mm intervals for each of 3 lines 
running longitudinally down the sample giving an overall sample set of 21 images (covering 
an area of 5.0 mm
2
) as illustrated in Figure 3.8 (b).  
 
Figure 3.8: Diagram (Not to Scale) illustrating; (a) the sectioning of the sample; (b) the image sampling 
method for the optimisation study of CMSX486 (study (iii)). 
 
iv.  Development Through the Processing Route  
In order to examine the evolution of the  morphology throughout the processing route (As-
Fabricated, HIPed, solution treated and aged), polished and electrolytically etched samples 
were examined using the Philips XL-30 and SE detector. Micrographs were taken at the 
following magnifications to allow for direct comparison (4000X, 6000X, 8000X and 
16000X).  
In order to quantify the size distribution of the  particles, a set of 20 micrographs (showing 
several hundred particles in total) were taken from each sample at 8000X magnification for 
image analysis.  
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v. Influence of Laser Scan Strategy on Grain Structure, Orientation and Cracking 
In order to study the influence of the Concept Laser island scan strategy on the microstructure 
of the material, SEM examination was carried out on SLM fabricated CM247LC. Samples 
etched with Kalling’s reagent were examined using the Jeol 6060 in both X-Z and X-Y 
section to confirm the optical observations of the grain structure.  
The FEI Sirion SEM was used to produce EBSD maps showing the crystallographic 
orientation of the grains within an SLM fabricated and HIPed specimen of CM247LC 
sectioned in the X-Y plane. A large sample area was obtained by taking 16 EBSD maps, each 
at 200X magnification, and stitching them together to form an overall map approximately 
1.5 mm  2 mm in size. The data was analysed using HKL Channel 5 Tango and Mambo 
software [15]. 
3.10.   Image Analysis 
Image analysis was used to quantify various features observed during optical and SEM 
microscopy (Crack density, void area fraction, porosity etc.). Image analysis was performed 
on the sets of micrographs collected (see sections 3.8 & 3.9) and analysed using the ImageJ 
software [16]. The image analysis process followed the following standard sequence:  
1. Global scale set based on micrograph scale bar (Once per set of micrographs). 
2. Background removal (SEM only), 40 pixel ball radius to remove any overall 
brightness gradient from the image (see documentation for more details [17]). 
3. Threshold to produce binary image isolating the relevant features.  
4. ‘Particle Measurement’ to take the various measurements from the particles.  
The key particle measurements used in this thesis are:  
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 Area: m2 
 Perimeter: m 
 Feret Max: m, defined as the longest distance between any two points on the 
boundary [17] 
 Equivalent Diameter: m, defined as the diameter of a circle having the same area 
as the particle 
 Circularity: Dimensionless measurement of how circular a particle is; a value of ‘1’ 
indicating a perfect circle moving towards ‘0’ as the shape become increasingly 
elongated.  
These values are further defined in Figure 3.9.  
 
Figure 3.9: Diagram of a ‘particle’ showing the various measurements used in the image analysis. 
 
The specific details of the analysis of images for the different investigations are given below: 
i. Crack Quantification of CM247C 
Feret Max. (FMax) was used as an approximation to the crack length for crack quantification. 
Thresholded particles with FMAX < 4 m (approximating to one pixel) were classified as 
image noise and eliminated. Thresholded particles with circularity > 0.7 were eliminated to 
reduce the effect of occasional small circular porosity.    
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Total crack length was calculated by summing the FMAX values then averaged this with respect 
to the total micrograph area to give crack density. The resulting value for crack density was 
given as mm/mm
2
 (i.e. mm of cracks per mm
2
 of micrograph area). 
ii. Crack & Void Quantification of CMSX486 
Crack density was calculated as with CM247LC however thresholded particles showing an 
area > 500 m2 were defined as voids. These areas were summed and presented as a % void 
area fraction of total micrograph area.  
iii. Porosity Quantification of IN625 
Total pore/void area for IN625 samples was averaged with respect to micrograph area giving 
a total % area porosity.  
iv. Porosity Quantification of Powder Samples (CM247LC/CMSX486/IN625) 
Powder porosity was calculated by summing the total particle cross-sectional area, followed 
by thresholding and summing the total closed porosity within those particles. The overall 
porosity was presented as a % area of pores to particle cross-sectional area.  
v.  Particle Size Measurement 
The individual  particles shown in the micrographs could not be successfully thresholded for 
measurement. It was therefore necessary to measure each of the particles ‘manually’ using the 
imageJ line measurement tool on 300 particles for each sample. The distance between the flat 
sides of the cuboidal particles was measured in both directions (as shown in Figure 3.10) and 
the data compiled in a spreadsheet in order to generate size distributions and values for mean 




Figure 3.10: Example of a  particle measurement. Arrows indicate the distances measured in order to 
present particles size data.  
 
3.11.  Transmission Electron Microscopy (TEM) 
TEM was used to visualise very fine  precipitates within a sample of SLM fabricated 
CM247LC in the ‘as-fabricated’ condition.  
Sample were cut using a low speed diamond cutting wheel to a thickness of 0.5 mm and cut to 
 3 mm discs using spark erosion. Samples were then further ground to 150 – 200 m 
thickness using 400 – 800 grit silicon carbide grinding paper.  
Polishing was carried out using the twin-jet electropolishing method (Struers Tenupol-5) with 
a polishing solution of 10% perchloric, 90% methanol. Polishing was carried out at 
approximately -20C using 25 – 30 V, 100 – 200 mA.  
TEM imaging was carried out using Jeol 2100 laB6 TEM is fitted with Oxford Instruments 
INCA EDS with an operating voltage of 200 kV.  
3.12.   MicroCT  
In order to visualise the 3D distribution of the cracks within the material and the effectiveness 
of the HIP treatment, two ‘matchstick’ samples (2.5 mm diagonal length) were cut from a 
horizontally fabricated cylinder of SLM powder-bed fabricated CM247LC. The internal crack 
formation was examined using MicroCT. One sample was in the as-fabricated condition and 
the second was following a HIP treatment. A schematic diagram for the microCT equipment 
108 
 
is shown in Figure 3.11. The sample is positioned on a rotating table and a sequence of X-ray 
images are taken as the sample is rotated. The solid material absorbs more of the radiation 
than the material where there are cracks/voids; these features can be visualised in 3-
dimensions by the reconstruction of the image stack. The small sample size allowed for close 
positioning for the X-ray source giving maximum magnification (determined by the distance 
ration a/b as shown in Figure 3.11) and an overall resolution of approximately 2 m. 
 
Figure 3.11: Schematic diagram of microCT equipment. 
 
CT scanning was carried out using the Metris Custom Bay MicroCT located at the Henry 
Moseley X-ray Imaging Facility (HMXIF, Manchester University). Following some initial 
calibration and testing, the scan used a voltage of 165 kV, a tungsten target and a current of 
169 A. A 1 mm Cu filter was positioned between the source and the specimen, this was in 
order to filter low energy X-rays and prevent them from saturating the detector. A full 360 
scan was taken formed of 3142 projections. 
The raw data was reconstructed into a 3-dimensional volume using the Metris CT-Pro 
Software [18]. The volume data analysed using Avizo Standard 6.3 [19] where the cracks and 
voids were isolated, labelled and could be visualised in three-dimensions. It was not possible 
to threshold all of the cracks from the data as their width (< 2 m) was comparable to the 
109 
 
resolution of the CT equipment; however sufficient data was obtained for the purposes of the 
study. Full details on the MicroCT technique can be found elsewhere [20].  
3.13.   Differential Scanning Calorimetry (DSC) Thermal Analysis 
DSC thermal analysis was carried out using the Netzsch DSC 404 – High Temperature DSC 
facility (Met. & Mat. UoB). Samples of CM247LC powder (57.38 mg) and solid SLM formed 
CMSX486 (58.03 mg) were analysed in a recrystallised alumina crucible sealed with a lid in 




C at a heating/cooling rate of 10C/min under argon 
(flow rate: 100 ml/min). Data analysis to identify  solvus, solidus and liquidus temperatures 
was performed using Microsoft Excel. Full details on the DSC method can be found 
elsewhere [21].    
3.14.  Thermo-Calc Phase Diagram Modelling 
The chemical composition obtained from the Incotest analysis for CM247LC was used to 
theoretically model the equilibrium phase composition of the material between 250C and 
1500C using the commercially available Thermo-Calc Software [22] and the TTNi7 
Database.  
3.15.   Mechanical Testing 
The mechanical validation of the SLM processing route was via tensile and creep testing. Bars 
were built 12 mm diameter and 65 mm long (except where material was limited) using 
‘pin-style’ supports. Bars were built both longitudinally and transversely to the build direction 
(Z-axis) to study the influence of build orientation on mechanical properties.   
Following fabrication the bars were subject to different HIP and heat treatments conditions 
(see Table 3.5 & Table 3.6) before being machined to the appropriate test-sample geometry.  
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i. Tensile Testing 
All tensile testing was carried out in accordance with the ASTM standard (E8/E8M-09 [23]). 
CM247LC room temperature tensile testing was carried out in the mechanical testing lab 
(Met. & Mat. UoB); elevated temperature tensile testing and creep testing was carried out 
externally by Incotest UK. Tensile samples were machined to standard M8 threaded 
cylindrical test pieces,  4 mm, test section as shown in Figure 3.12 
 
Figure 3.12: Dimensioned drawing of M8 threaded tensile test bar used for room temperature and 
elevated temperature tensile tests. 
 
 All tensile testing was carried out using a physically connected extensometer and the constant 
crosshead speed method. Crosshead speed was set at 0.35 mm/min to determine yield (upto 
0.2% proof stress). This value was determined in accordance with section 7.6.3.3 of the 
ASTM standard which states that the crosshead speed should be set to 0.015  0.003 
mm/mm/min of the original reduced section length (23 mm for the M8 threaded test bar) [23]. 
Following 0.2% proof stress, the crosshead speed in the elevated temperature tensile tests was 
increased to 1.5 mm/min in accordance with section 7.6.4 of the ASTM standard [23] which 
states that to determine tensile strength, the crosshead speed should be set to between 0.05 and 
0.5 mm/mm/min of the original reduced section length. Room temperature tests were allowed 
to continue at 0.35 mm/min until failure.   
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For each test point, 3 samples following a similar processing route were tested. Room 
temperature tests were carried out with the aim of demonstrating the differences in build 
orientation and the application of the HIP treatment whereas the elevated temperature tests 
were all carried out using vertical test bars with the same process route. IN625 samples were 
all tested in the as-fabricated condition. Table 3.9 lists the test conditions and the process 
route for the CM247LC bars, Table 3.10 lists the test conditions and process route for the 
CMSX486 bars and Table 3.11 lists the test conditions and process route for the IN625 bars.   
Table 3.9: Tensile testing conditions for SLM fabricated CM247LC samples. 
Temperature  Process Route 
Build 
Orientation 
No. of Samples Test Location 
Room Temp. HT
1
 Vertical 3 UoB 
Room Temp. HT
1
 Horizontal 3 UoB 
Room Temp. HIP & HT
2
 Vertical  3 UoB 
Room Temp. HIP & HT
2
 Horizontal 3 UoB 
700C HIP & HT
2
 Vertical 3 Incotest 
760C HIP & HT
2
 Vertical 3 Incotest 
900C HIP & HT
2
 Vertical 3 Incotest 
1. SLM fabricated and Heat Treated (1260C, 2h, GQ; 980C, 5h, AC; 870C, 20h, AC)   
2. SLM fabricated, HIPed (1180C, 150 MPa, 4h) and Heat Treated (1260C, 2h, GQ; 980C, 5h, AC; 
870C, 20h, AC) 
 
Table 3.10: Tensile testing conditions for SLM fabricated CMSX486 samples. 
Temperature  Process Route 
Build 
Orientation 
No. of Samples Test Location 
Room Temp. HT
1
 Vertical 3 Incotest 
Room Temp. HT
1
 Horizontal 3 Incotest 
1. SLM fabricated and Heat Treated (1318C, 2h (see HT section), GQ; 1140C, 6h, AC; 871C, 20h, 





Table 3.11: Tensile testing conditions for SLM fabricated IN625 samples. 
Temperature  Process Route 
Build 
Orientation 
No. of Samples Test Location 
Room Temp. As- Fabricated Vertical 3 Incotest 
Room Temp. As- Fabricated Horizontal 3 Incotest 
540C As- Fabricated Vertical  3 Incotest 
540C As- Fabricated Horizontal 3 Incotest 
760C As- Fabricated Vertical 3 Incotest 
760C As- Fabricated Horizontal 3 Incotest 
 
ii. Creep Testing 
High temperature creep testing was carried out at Incotest UK in order to establish the effect 
of the process route and the overall high temperature creep performance of the SLM 
fabricated material via this process route. 2 samples were tested under each condition for 
CM247LC and CMSX486, creep testing was in accordance with BS EN 2002-005:2007 [24]. 
Creep specimens were machined to standard 14G specification with  4 mm test section as 
shown in Figure 3.13. 
 
Figure 3.13: Dimensioned drawing showing 14G creep specimen. 
 
All creep tests were carried out at 1050C, 100 MPa; Table 3.12 and Table 3.13 list specimen 
conditions for CM247LC and CMSX486 samples respectively.  
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Table 3.12: Creep test conditions for CM247LC specimens. 
Temperature/Stress  Process Route 
Build 
Orientation 
No. of Samples Test Location 
1050C/100 MPa HT
1
 Vertical 2 Incotest 
1050C/100 MPa HT
1
 Horizontal 2 Incotest 
1050C/100 MPa HIP & HT
2
 Vertical  2 Incotest 
1050C/100 MPa HIP & HT
2
 Horizontal 2 Incotest 
1. SLM fabricated and Heat Treated (1260C, 2h, GQ; 980C, 5h, AC; 870C, 20h, AC)   
2. SLM fabricated, HIPed (1180C, 150 MPa, 4h) and Heat Treated (1260C, 2h, GQ; 980C, 5h, AC; 
870C, 20h, AC) 
 
Table 3.13: Creep test conditions for CMSX486 specimens. 
Temperature/Stress  Process Route 
Build 
Orientation 
No. of Samples Test Location 
1050C/100 MPa HT
1
 Vertical 2 Incotest 
1050C/100 MPa HT
1
 Horizontal 2 Incotest 
1. SLM fabricated and Heat Treated (1318C, 2h (see HT section), GQ; 1140C, 6h, AC; 871C, 20h, 
AC)   
 
3.16.   Summary 
This chapter has presented the key experimental techniques used in the generation of the 
results presented and discussed in the following chapters. The practical application of the 
SLM process is further outlined in appendix A and a summary of the central composite design 
of experiments methodology employed for the parametric studies of CMSX486 and IN625 is 
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CHAPTER 4: PROCESS OPTIMISATION: INFLUENCE OF 
THE SLM PARAMETERS ON THE MICROSTRUCTURE & 
INTEGRITY 
This chapter is concerned with the SLM process optimisation for three Ni-Superalloys. In 
each case, the study was carried out in a unique fashion based on optimisation criteria for each 
material. Additionally, microstructure and size distribution of the as-received powder are 
presented.  
4.1      Introduction 
Based on the literature survey of weld cracking in high  volume fraction nickel superalloys 
(Chapter 2; Section 2.14) it was anticipated that cracking would be a prominent feature of the 
SLM-fabricated structures of CM247LC and CMSX486. Preliminary samples of CM247LC 
SLM-fabricated using the EOSintM270 facility proved this correct and an optical micrograph 
of the cracks observed can be seen in Figure 4.1.  
Studies were undertaken to investigate the influence of the SLM processing parameters on the 
cracking behaviour and density of the as-fabricated material with the aim of 
reducing/eliminating this phenomenon as well as identifying a likely mechanism and root 




Figure 4.1: Optical micrograph showing cracking within a preliminary SLM-fabricated sample of 
CM247LC (X-Z plane).  
 
Prior to SLM processing, an examination was carried out on the as-received powder to 
confirm its size distribution, morphology and chemical composition. Qualitative evidence 
provided by Concept Laser states that in order for the SLM process to work well, metal 
powder should be classified within the size fraction of +15-53m and have a regular spherical 
morphology to ensure good spreading. Powder containing fine particles in the -15m range 
will bind together and spread poorly during the recoating operation. Over-sized powder 
particles (+53 m) will tend to be swept across the surface of the build into the overflow area 
when working with 20 m slice thickness. Particles up to the 53 m size limit can be 
accommodated within a 20 m layer thickness build due to the roughness of the previous 
build layers and shrinkage in the Z-direction due to the consolidation of the powder following 
melting.      
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4.2      CM247LC Parametric Studies 
i. Powder Chemical Analysis: Results & Discussion 
The powder supplier provided chemical composition information; in order to validate this, 
independent chemical analysis was carried out on a sample of the as-received CM247LC 
argon gas-atomised powder as provided by LPW for comparison against the nominal 
composition provided by Cannon-Muskegon [1]. Additionally, two further samples of SLM 
consolidated CM247LC were sent for chemical analysis. This was done to investigate the 
effect of SLM on the material composition to ensure that element vaporisation (See Das [2]) 
and oxygen pick-up were not significant factors in the processing of nickel alloys. The two 
SLM samples were processed under conditions considered close to ‘normal’ (150 W, 
1500 mm/s, 1.28 J/mm
2) and ‘higher-energy’ (200 W, 400 mm/s, 6.29 J/mm2); All other 
parameters were kept as standard. The results are presented in Table 4.1.  
Table 4.1: Chemical analysis result for CM247LC powder, 150 W, 1500 mm/s SLM sample and 200 W, 
400 mm/s SLM sample compared against nominal composition [1] (wt.% unless otherwise stated) 
 C Cr Ni Co Mo W Ta Ti Al B 
Nominal [1] 0.07 8.00 Bal. 9.00 0.50 10.00 3.20 0.70 5.60 0.015 
Powder 0.066 8.19 Bal. 9.36 0.46 10.30 3.29 0.71 5.74 0.017 
150W, 1500mm/s 0.066 8.10 Bal. 9.22 0.49 10.30 3.32 0.72 5.80 0.018 
200W, 400mm/s 0.067 7.77 Bal. 9.21 0.51 10.90 3.52 0.76 5.78 0.018 
 Zr Hf Si S P Fe Mg N O  
Nominal[1] 0.010 1.40 0.03 15ppm N/A N/A N/A N/A N/A  
Powder 0.011 1.39 0.04 <0.001 0.006 <0.01 <0.001 0.002 0.016  
150W, 1500mm/s 0.012 1.40 0.04 <0.001 0.006 <0.01 <0.001 0.003 0.007  
200W, 400mm/s 0.012 1.47 0.04 <0.001 0.007 <0.01 <0.001 0.003 0.015  
     
The results presented in Table 4.1 show a generally good agreement between the nominal 
composition and the supplied CM247LC powder from LPW. The largest discrepancy is that 
of Co showing a +0.36 wt.% difference when compared to the nominal value. The low levels 
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of the detrimental S, P, Fe and Mg are particularly encouraging and show a good control of 
contaminants within the atomisation process.  
The only concerning value is the 0.04 wt.% Si which should ideally be lower than 0.03 wt.% 
however, considering this is only marginally over the nominal value and taking into account 
the excellent control of all the other potentially detrimental elements, the Si level was 
considered acceptable. Based on this good correlation between the nominal and the supplied 
powder, it was decided that the chemistry breakdown supplied with the powder from the 
manufacturer would be sufficient validation for the CMSX486 and IN625 powders.  
Following the SLM process, it can be seen that with the increasing process energy the values 
for Co and Cr decrease from those seen in the supplied powder (Co: 
9.36 wt.%9.22 wt.%9,21 wt.%; Cr: 8.19 wt.%8.10 wt.%7.77 wt.%). This can most 
likely be attributed to the vaporisation of these elements under laser processing, the boiling 
points under standard pressure for Co and Cr are 2877C and 2665C [2] respectively; these 
boiling points are amongst the lowest in the alloy. The increases seen in some of the other 
elements are due to their increased concentrations due to the losses of these elements.  
Al shows the lowest boiling point of a metallic element within the alloy (2447C [2]) however 
the wt.% appears to increase and then decrease with increasing SLM energy conditions; this 
could due to Al vaporisation. It is possible that the increase in Al wt.% seen under the 150 W, 
1500 mm/s condition (5.74 wt.%  5.8 wt.%) is the effect of the vaporisation of Cr and Co 
having greater overall influence than that of the Al vaporisation, whereas the reduction in Al 
under the 200 W, 400 mm/s (5.8 wt.%  5.78 wt.%) is the Al vaporisation having a greater 
overall effect than the vaporisation of Cr and Co. 
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These compositional changes in the SLM processed material show that vaporisation does 
have the potential to alter alloy composition following SLM, however considering the small 
variation between the powder and the 150W, 1500mm/s SLM processed material, it can be 
concluded that this is not a key area of interest for these studies and was not further 
investigated. 
The oxygen level shows a reduction when compared with the powder under the 150 W, 
1500 mm/s SLM conditions, yet an increase under the higher 200 W, 400 mm/s SLM 
conditions. The exact cause for this is unknown, but it is most likely due to a marginally 
different oxygen level under the Argon atmosphere which is only maintained through the 
flooding of the process chamber and controlled down to 0.1%. It was generally concluded 
however that as the oxygen levels were less than that of the powder under both SLM process 
conditions and considering that the argon atmosphere cannot easily be improved within the 
M2 SLM system then the issue of oxide pick-up under laser processing is at this stage not a 
concern to these investigations. 
ii. Powder Size Analysis: Results & Discussion 
The particle sizing results are shown in Figure 4.2 which include key size information (Mean, 




Figure 4.2: Powder size distribution plots for the CM247LC; the vertical dashed lines show the ideal +15-
53µm size range. 
 
Figure 4.2 shows that the CM247LC powder has a reasonably good size distribution. The 
maximum particle size is approximately 64 µm, slightly above the upper ideal limit of 53 µm, 
likewise the minimum particle size falls slightly below the 15 µm lower boundary. The D10 
and D90 values however fall well within these limits and the almost identical Mean and D50 
(Median) values combined with the shape of the plot suggests a close to normal distribution 
of particle size.  
The subsequent successful spreading and ease of handling of the powder during SLM 
confirmed this size distribution as being acceptable.  
iii. SEM Powder Examination: Results & Discussion 
Micrographs for CM247LC powder are shown in Figure 4.3. Figure 4.4 and Figure 4.5 show 
further micrographs of the ground and polished CM247LC sample. Powder porosity was 
calculated by image analysis as a fraction of closed pores compared against overall powder 
area; a typical micrograph from this set is shown in Figure 4.6 with the key ‘pore-types’ 
labelled and the porosity data is summarised in Table 4.2. Finally EDS linescans of two 
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particles (regular spherical and more irregular) are provided in Figure 4.7 and Figure 4.8 
respectively in order to show the homogeneous nature of the gas atomised powder. 
 
Figure 4.3: Secondary SEM micrographs showing mounted CM247LC powder taken at (a) 130X, (b) 









Figure 4.5: Backscattered SEM micrograph showing the grain structure in a single ground and polished 
CM247LC particle; bright intergranular carbides are labelled.  
 
Figure 4.6: Backscattered SEM micrograph typical of the set taken to determine powder porosity via 
image analysis; key pore features labelled.  
 
Table 4.2: Summary of porosity data calculated by image analysis of ground CM247LC powder. 
Total number of particles analysed 585 
Minimum pore size to be measured 
(to eliminate noise) 
0.30 m2 
Total number of pores analysed 462 
Mean Pore equivalent diameter 1.79 m 
Maximum Pore equivalent diameter 11.00 m 





Figure 4.7: EDS linescan for a spherical CM247LC powder particle showing counts against distance 
across linescan (inset: micrograph of particle with linescan marked in yellow).  
 
 
Figure 4.8: EDS linescan for an irregular CM247LC powder particle showing counts against distance 
across linescan (inset: micrograph of particle with linescan marked in yellow). 
 
Figure 4.3 shows the CM247LC powder to display a reasonably spherical and regular 
morphology, although no measurement was performed using microscopy, the particle sizes 
appear to correspond well to the particle size analysis presented previously (Section 4.2.ii.). 
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Some of the particles display an irregular surface. This has been caused by the collision of a 
liquid droplet against a solid particle and is more clearly shown in the ground SEM images 
(Figure 4.6).  
The ground and polished SEM micrographs shown in Figure 4.4 and Figure 4.5 illustrate the 
overall spherical nature of the powder particles although some display fine satellite particles. 
The backscattered SEM micrograph in Figure 4.5 shows a typical particle to display a fine 
equiaxed grain structure with bright carbides precipitated along the grain boundaries. There 
does not appear to be significant elemental segregation or any variation in the grain structure 
from the edge to the centre of the particle. This is confirmed in Figure 4.7 and Figure 4.8 
which shows EDS linescans across individual particles. Neither of these scans appear to show 
significant variation in composition except for the increase in carbon caused by the mounting 
Bakelite at their boundary. The small variations in nickel and the heavier elements is due to 
the detection of the grain boundary carbides and again does not represent solidification 
segregation.   
Figure 4.6 shows a typical micrograph used for the quantification of the porosity within the 
powder; as with the previous micrographs, some small satellite particles can be seen attached 
to the outside of the larger spherical particles. Porosity appears to fall into two categories: 
circular pores which are formed due to the capture of gas within the molten droplet and the 
subsequent solidification of each particle; this is typically referred to as ‘gas-porosity’ [3]. 
The second category appears to show a fully formed spherical particle coated in further 
material. This forms when a molten droplet collides with a fully formed particle and ‘crescent 
shaped’ porosity may be formed at the interface of these two bodies. It is suggested that this 
phenomenon is the cause of the irregular outer appearance as seen in some of the particles, 
Figure 4.3.  
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Table 4.2 shows a summary of the porosity size analysis. The majority of the pores are small 
as shown by the mean equivalent pore diameter and the overall porosity (0.88 %) is very low. 
The larger pores (as represented by the largest equivalent pore diameter of 11 m) are due to 
the crescent-type of porosity.   
The outer morphology and porosity can be disrupted by molten droplets colliding with 
solidified particles, however the overall porosity is still small and, without altering the powder 
preparation method to other more expensive methods (e.g. Plasma Rotating Electrode Process 
(PREP)), the formation of these types of pores is difficult to eliminate.   
iv. SLM Parametric Study: Introduction 
The parametric study carried out investigated the influence of three SLM process-parameters 
on the cracking behaviour: Initially the laser power and scan speed and secondly the influence 
of the scan spacing. Images were sampled and analysed as discussed in chapter 3 from both 
the ‘midline’ and ‘edgeline’ of the sample to produce the defect quantification results. 
Additional micrographs were taken under higher magnification conditions in order to 
characterise the cracks.  
Table 4.3 details the SLM parameters used to produce samples for this analysis and 
characterisation. Figure 4.9 shows a photograph of one of the typical sets of samples produced 
in a single build; each sample could be produced using a different parameter set thus reducing 
the SLM build-time required.   
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Laser Scan Speed (mm/s) 
400 600 800 1000 1250 1500 2000 
150       X 
180      X X 
200      X  
        
Laser 
Power/Speed 
Scan Spacing (a1)    
0.53 0.4 0.3 0.2    
200W, 2000 mm/s  X      
150W, 1500 mm/s        
        
 = Built; X = Not Built        
  
 
Figure 4.9: Typical set of samples produced during the SLM parametric study for CM247LC. 
 
v. SLM Parametric Study: Microstructural Results 
The microstructural observations of the cracking within the SLM-fabricated samples are 
presented below.  
The combination of laser power, scan speed and spacing can give an indication as to energy 
density (J/mm
2
) similar to methods used elsewhere [4, 5],  Equation 4-1: 
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Equation 4-1: Equation defining SLM process energy density (J/mm
2
) (Note: ‘a1’ is a dimensionless term) 
 
The cracking observed in the SLM-fabricated CM247LC can be divided into 4 regimes; for 
the purposes of clarity, these four sample types are initially designated:  
- VHE - Very High Energy (VHE  3.77J/mm2) 
- HE - High Energy ( 3.77 J/mm2 > HE  3.14 J/mm2) 
- LE - Low Energy ( 3.14 J/mm2 > LE  1.51 J/mm2) 
- VLE - Very Low Energy ( 1.51 J/mm2 > VLE) 
Figure 4.10 shows a typical micrograph from a VHE set of parameters (200 W, 400 mm/s). 
The micrograph shows a high density of irregular ‘jagged’ cracks which have only a little 
directionality with respect to the building direction. There also appear to be large pores, 
typically in the size range of 50-100 m. 
 
Figure 4.10: Typical BSE SEM micrograph from a VHE sample (200W, 400 mm/s) showing dense jagged 




Reducing the energy slightly eliminates the occurrence of the large pores as seen in the VHE 
samples as shown in Figure 4.11 (150 W, 600 mm/s). This regime shows dense ‘jagged’ 
cracking still only displaying a limited directionality with respect to the build direction.  
 
Figure 4.11: Typical BSE SEM micrograph showing HE sample (150 W, 600 mm/s) displaying dense 
‘jagged’ cracks with limited directionality with respect to the build direction. 
 
Under high magnification, the ‘jagged’ cracks show an internal surface consisting of tiny 
dendritic protrusions of only 2-3m in length as seen in Figure 4.12. Furthermore, in some 
cases these cracks have formed such a large defect within the material that an entire section of 
the material has been removed (possibly during sample preparation), Figure 4.13, revealing an 
entire face consisting of these dendritic protrusions which previously would have constituted 








Figure 4.13: SE SEM micrograph showing dendritic protrusions from a ‘jagged’ crack surface 
 
 Further reducing the process energy results in a dramatic change in the cracking character as 
seen in LE samples, Figure 4.14 (150 W, 1000 mm/s). There appear to be generally fewer 
cracks and they appear to be dominantly smooth rather than ‘jagged’ showing a strong 
directionality with respect to the build direction. Under high magnification, the smooth cracks 
do not show the dendritic protrusions on the crack walls as seen in Figure 4.15. Additionally 
the higher magnification examination (in X-Z and X-Y planes) of some of the finer examples 
of these cracks shows that they appear to lie along lines of fine carbides with a series of voids 
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preceding the crack tip, at triple point intersections and along film-like carbides as seen in the 
series of micrographs presented in  Figure 4.16. IPF coloured EBSD maps of three typical 
examples of these cracks are presented in Figure 4.17.  
 
Figure 4.14: BSE SEM micrograph of a typical LE sample (150 W, 1000 mm/s) showing a low occurrence 
of the ‘jagged’ cracking and a dominant ‘clean’ style of cracking. These cracks show a strong directional 
alignment to the build direction. 
 





Figure 4.16:BSE SEM micrographs showing grain boundary crack structure: (a) X-Z plane, showing void 
formation along very fine line of  GB carbides; (b) X-Y plane, showing fine void formation along grain 
boundary next to GB carbides; (c) X-Y plane, showing fine crack-tip with crack lying along a grain 
boundary originating at a triple-point intersection; (d) X-Y plane, showing crack lying on a grain 




Figure 4.17: IPF coloured EBSD maps of three typical ‘smooth’ style cracks in SLM deposited CM247LC. 
 
Finally, under VLE parameters the crack density appears to be further reduced (retaining the 
‘clean’ style) however large volumetric defects open as seen in Figure 4.18 (150 W, 
1500 mm/s).  
 
Figure 4.18: BSE SEM micrograph of a typical VLE sample (150 W, 1500 mm/s) showing ‘clean’ style 
cracks and large volumetric defects. 
 
By examining the micrographs of each of the samples produced for the study it was possible 
to empirically categorise the cracking within each of them into one of four categories:  
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 Dense ‘jagged’ cracks with large pores (VHE) 
 Dense ‘jagged’ cracks, no large pores (HE) 
 ‘Smooth’ cracking style dominant (LE) 
 ‘Smooth’ cracking style dominant, large volumetric defects (VLE)   
These observations are summarised in Table 4.4:  
Table 4.4: Empirical observations of cracking character within SLM-fabricated samples of CM247LC 
Laser Power 
(W) 
Laser Scan Speed (mm/s) 
400 600 800 1000 1250 1500 2000 
150        
180        
200        
        
Laser 
Power/Speed 
Scan Spacing (a1)    
0.53 0.4 0.3 0.2    
200W, 2000 mm/s        
150W, 1500 mm/s        
        
  Jagged Cracks & Large Pores   Jagged Cracks 
  Smooth Cracks   Smooth Cracks & Volumetric Defects 
  Not Built    
 
vi. SLM Parametric Study: Crack Quantification Results 
Figure 4.19 and Figure 4.20 show the crack quantification results for the midline and the 
edgeline respectively. The figures have been labelled showing the boundaries between the 
different cracking styles observed as dominant within the samples as presented in the previous 
section. Error bars indicate the standard error determined for each image within that set. The 
onset of void formation has been labelled showing an artificially raised data-point due to the 
limitations of the image analysis method resulting in voids being analysed in the same way as 
cracks. In general terms these plots show a reduction in cracking density with increasing scan 
speed over all laser powers; this reduction is accompanied with a shift in dominance from the 
jagged cracks to the smoother cracking style.    
Figure 4.21 shows the difference between the midline and edgeline cracking for each sample 
in terms of a ‘ Cracking’ value where ‘-ve’ indicates a greater level of cracking on the 
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sample midline and ‘+ve’ indicates a greater level of cracking along the edgeline. In general 
the midline shows a greater cracking density than the edgeline at higher scan speeds 
(corresponding to dominance of the smooth cracking style), but no clear trend under lower 
scanning speeds.   
Figure 4.22 shows the variation of cracking density with energy (J/mm
2
); the different sample 
categories, as previously defined, have been labelled. The same general trend as seen in 
Figure 4.19 and Figure 4.20 is again visible; however the variation within the cracking density 
over similar energies is high.  
Finally Figure 4.23 shows the results for the scan spacing section of the investigation for both 
power/speed combinations investigated (midline only); this plot has been labelled with 
relevant microstructural observations. The 150 W, 1500 mm/s line shows how the scan 
spacing is reduced in order to accommodate the small melt pool and eliminate the volumetric 
defect formation; however the 200 W 2000 mm/s data shows an increase in cracking density 




Figure 4.19: Plot showing midline variation of crack density within SLM-fabricated CM247LC samples 
with respect to scan spacing for three different laser powers. Labels indicate the microstructural 
observations related to the crack/defect character. 
 
 
Figure 4.20: Plot showing edgeline variation of crack density within SLM-fabricated CM247LC samples 
with respect to scan spacing for three different laser powers. Labels indicate the microstructural 




Figure 4.21: Plot showing ‘ Cracking’ values between the edgeline and the midline of SLM-fabricated 
samples of CM247LC for different scan speeds and laser powers. ‘-ve’ values indicate a greater midline 
than edgeline cracking density.  
 
 
Figure 4.22: Plot showing cracking density variation with energy density (midline samples). Samples 




Figure 4.23: Plot showing variation in crack density (midline only) for SLM-fabricated samples of 
CM247LC with varying scan spacing for two different power/speed parameter sets. Microstructural 
observations are labelled.  
 
vii. SLM Parametric Study: Discussion 
The parametric study has highlighted that the energy input from the laser clearly governs the 
cracking behaviour within the SLM fabricated material. In general terms the plots in Figure 
4.19, Figure 4.20 and Figure 4.22 have all shown that with a reduction in energy density 
(either via power or scan speed) the cracking decreases and the dominant style shifts from 
jagged to smooth (grain-boundary). This correlation between the energy density (or ‘heat 
input’ in welding terminology) and the cracking level is consistent with welding literature. A 
similar trend showing that decreasing heat input results in a lower incidence of cracking has 
been reported by several authors, notably Rush et al. [6] regarding Rene 80, Egbewande et al. 
[7] and Zhong et al. [8] both regarding IN738.  
The attempts to standardise the energy in J/mm
2
 become less convincing under closer 
examination. Individual points in Figure 4.22 show very different cracking densities under 
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similar energy values; this is very apparent in the LE section of the plot where the 200 W 
points are consistently higher than the 150 W points under similar energies and the 180 W 
points appear to lie approximately between. Likewise the 200 W, 2000 mm/s point shows the 
same energy (1.26 J/mm
2
) as the 150 W, 1500 mm/s points, however the latter samples 
showed large volumetric defects unlike the former. Previous studies have suggested the use of 
standardised energy density equations [4, 5] to combine laser processing parameters; 
however, in this case these attempts have proved ineffective at providing more than the 
general trend of cracking density.  
Although established in literature regarding SLM [4, 5], the equation combining laser power, 
scan speed and spacing to give energy density (Equation 4-1) has some assumptions and 
simplifications that are inappropriate for the evaluation of crack density.  
Firstly the use of the product of ‘scan speed (mm/s)’ and absolute scan spacing (a1  Focus 
Dia. (mm)) to represent the area over which the laser scans per second is flawed. This 
expression suggests that the width of a single laser scan track is equal to the distance between 
the scan vectors in the raster filled area; however it is known that there is significant overlap 
(simply due to a1 < 1) and remelting of previous scan tracks in the raster filled area and as 
such the laser radiation is actually distributed over a larger area per second than this 
expression would suggest.  
Secondly the expression fails to take into account the variation of the thermal field within the 
material with the variation of individual process parameters. It is known from the text by 
Grong regarding welding [9] that the shape of the weld bead and the associated thermal field 
is determined by the dimensionless n3 parameter. For a given material n3 is proportional to the 
product of the weld power and speed as shown in Equation 4-2 [9]:  
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Equation 4-2: Expression for n3 shape parameter of a weld pool 
 
Where ‘q0’ is the net power and ‘v’ is the weld speed. Consider two SLM parameter sets; 
firstly one with high power, fast scan speed and consequently a high n3 value, secondly one 
with low power, slow scan speed and consequently a low n3 value. Both of these parameter 
sets may have an equal energy density according to Equation 4-1, for example:   
- Set 1 (High n3): 200 W, 2000 mm/s, a1 = 0.5 (1.33 J/mm
2
) 
- Set 2 (Low n3): 100 W, 1000 mm/s, a1 = 0.5 (1.33 J/mm
2
) 
Figure 4.24 [9] shows the typical melt pool shape and associated thermal field for (a) high n3 
and (b) low n3 value parameters. The close isotherms indicate a high thermal gradient at the 
leading edge and sides of the high n3 (Figure 4.24 (a)) melt pool and a much lower thermal 
gradient at the trailing edge. This is in contrast to the low n3 (Figure 4.24 (b)) melt pool which 
shows some variation in thermal gradients, but not the extremes of the former. Although this 
representation is only diagrammatic, it can be seen that the thermal gradients in these two 
situations is dramatically different and therefore it is likely that the magnitude and locations 
of the residual stresses will be different. As the thermal stresses are largely responsible (in 
conjunction with various mechanisms as discussed later) for the cracking behaviour, it is clear 
that energy density is not an appropriate parameter by which to evaluate SLM process 




Figure 4.24: Schematic diagram showing typical melt pool shape and associated thermal field for (a) high 
n3 and (b) low n3 welding parameters. [9] 
Finally, Equation 4-1 also fails to take into account the scan track length within the raster 
filled area (or indeed any consideration of the laser scanning strategy). Consider two SLM 
parameter sets using identical laser power, scan speed and spacing, but one with a short raster 
track within a simple back-and-forth pattern and the second with a long raster track within a 
simple back and forth pattern. Within the short path sample the time between each pass within 
the same region will be very short and as such the material may not have significantly cooled 
before the laser passes again. In this case it is conceivable that a larger thermal field with a 
thermal gradient transverse to the laser scan direction may be formed; this scheme is 
represented diagrammatically in Figure 4.25 (a). Within the long scan path sample there will 
be significant cooling between each laser pass and as such the only significant thermal field 
will be that surrounding that of the melt pool; as seen in Figure 4.25 (b). As with the previous 
example, this thermal field is dramatically different within two parameter sets which are 




Figure 4.25: Schematic illustration showing the difference in thermal fields between (a) short path and (b) 
long path raster filled areas in SLM fabrication.  
It is for these reasons that the use of energy density (Equation 4-1) should be with caution and 
why it may not be appropriate for the evaluation of cracking density with the laser fabricated 
CM247LC. The remainder of the discussion will focus on the influence of the individual 
process parameters as in Figure 4.19 and Figure 4.20.  
Both the cracking character and the crack density results have shown that the laser parameters 
have a marked influence on the cracking behaviour of the as-fabricated material. These have 
already been sub-divided into four distinct regimes. 
Under the VHE conditions large pores are visible as seen in Figure 4.10. These processing 
conditions (200 W, 400 mm/s) are the same as those used for the high-energy SLM sample 
subject to chemical analysis as discussed in section 4.2.i; this sample showed a loss of 
chromium and cobalt. It is therefore suggested that the large pores observed in this sample are 
a result of this vaporisation [2] forming gas bubbles within the molten pool during the SLM 
process and being ‘frozen’ there due to the rapidly cooled nature of the process. These pores 
appear to act as concentration points for the high levels of residual stress [10] existing within 
SLM-fabricated material and in many cases appear to be the initiation points for cracks.  
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‘Jagged’ cracks appear under process conditions categorised as both very high-energy and 
high-energy. These are very distinctive as seen in Figure 4.11 and can occur both 
perpendicular and parallel to the build direction. These cracks often appear to be 
interdendritic in nature although often grain boundary cracks have opened up at the 
intersection of the grain boundary and the jagged crack due to the residual stresses and the 
inherent crack susceptibility of grain boundaries. The formation of the ‘jagged’ cracks appears 
to be due to a solidification cracking mechanism as discussed in chapter 2 (section 2.14.i.). 
 The occurrence of solidification cracks under the high-energy regime is consistent with weld 
cracking literature as discussed by Dye et al. [11] which states that under high heat input 
welding conditions a positive stress is induced directly following the weld bead in the 
solidifying material encouraging this mode of cracking. The research presented by Rush et al. 
[12] also reports some solidification cracking to occur under high heat input welding 
conditions of Rene 80.   
The dendritic protrusions indicate that the crack has formed during solidification where the 
remaining liquid between the growing dendrites has acted as the crack initiation point under 
the contraction of solidification [11]. Figure 4.12 shows these dendritic protrusions and in the 
case of Figure 4.13 where an entire section of the material has been removed (likely by 
polishing) to reveal the crack surface, the micrograph for crack quantification can show a 
relatively large area apparently overrun with cracks. This type of effect is discussed further in 
section 4.5 under the broader section for the limitations of the quantification method. It is also 
possible that these larger defects are the result of a casting porosity effect (rather than 
polishing damage) where there is insufficient material to backfill into the interdendritic region 
[13] however as the mechanisms and resulting structure is very similar (i.e. dendritic 
protrusions) then distinction between this and solidification cracking is difficult.        
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Further reduction in process energy results in a crack character as seen in Figure 4.14 which is 
typical of the LE regime. The dominance of the chaotic solidification type cracks has been 
significantly reduced and the remaining cracks appear to be relatively aligned to the build 
direction suggesting grain-boundary cracking. This is confirmed by the EBSD maps in Figure 
4.17 which show three of these cracks lying on grain boundaries and the SEM micrographs 
presented in Figure 4.16 where all cracks examined lie on grain boundaries (although with 
wider cracks this distinction can be difficult to make due to the relative width of the crack 
compared to the grain size). Under higher magnification these cracks appear very different 
from the solidification cracks. Figure 4.15 shows that they do not have the same dendritic 
protrusions and it is therefore likely that these are formed in the solid state away from the melt 
pool. The potential mechanisms for the formation of these are discussed in Chapter 2. Due to 
the suppressed nature of the  phase (discussed in Chapter 6) in the as-fabricated state it is 
unlikely that the strain-ageing mechanism is responsible for the formation of these grain-
boundary cracks.  
It is therefore suggested that Ductility-Dip Cracking (DDC) or liquation mechanisms are 
responsible (in conjunction with high residual stresses) for this cracking behaviour. Based on 
the evidence, DDC is a potential cracking mechanism as the reheating of the material during 
each subsequent layer of deposition could allow for grain boundary sliding but not dynamic 
recrystallisation (either because the reheat temperature is not high enough, or the reheat is too 
brief). The micrographs in Figure 4.16 (a,b) show the cracks lying on a line of fine carbides 
appearing to originate from a series of linked pores. This is very similar to the research 
presented by Lippold & Ramirez [14] which shows voids forming due to stress concentrations 
around locking carbides and tortuous grain boundaries where temperatures have been elevated 
allowing grain boundary sliding. The crack in Figure 4.16 (c) also clearly lies on a grain 
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boundary and could be said to originate at a triple-point intersection, again reported as a 
typical DDC initiation point.  
Although many of the cracks show evidence of DDC, as discussed in the previous paragraph, 
there is also some indication that liquation may also contribute to the formation of some of the 
grain boundary cracks. Figure 4.16 (d) shows a thin-film like carbide at a grain boundary 
lying at the tip of a crack. This is very similar to the research presented by Egbewande et al. 
[7] and Zhong et al. [8] which both show similar thin film carbides preceding crack tips due 
to the liquation of low-melting point carbides during heating by laser welding processes. 
Furthermore the ‘irregular’ morphology of the crack edge shown in Figure 4.16 (b) does not 
appear to be either a jagged solidification crack seen in the HE specimens, or the ‘clean’ grain 
boundary style crack associated with DDC. It is however somewhat similar to the irregular 
surfaces reported by Rush et al. [12] when discussing the liquation cracking within Rene 80.  
It has therefore been concluded that the grain boundary cracks are a combination of both DDC 
due to stress concentrations around carbides and liquation of the low-melting point grain 
boundary phases manifesting as thin film carbides located at the crack tips. This is consistent 
with welding research as presented by Dye et al. [11] in which weldability maps of IN718 
show that liquation cracking is the mechanism prominent in low heat input welds.  
The final mechanism is the formation of large volumetric defects as seen in Figure 4.18 for a 
typical very low-energy condition. This type of defect is not a crack; however it does 
constitute a serious defect within the material. These large defects are caused by incomplete 
consolidation at low-energy due to the reduction in melt pool size under these conditions.  
When comparing the crack character to the crack density results, it can be seen that there is a 
clear step down in crack density which corresponds to the shift from a dominance of 
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solidification cracks to that of grain-boundary cracks. This shift is indicated by the dotted line 
in Figure 4.19 and Figure 4.20 for the midline and edgeline of samples respectively. For the 
section of the study varying power and speed only, the sample with the least cracking is that 
of 150 W, 1250 mm/s for the midline and 150 W, 1000 mm/s for the edgeline.   
The comparison of midline to edgeline presented in Figure 4.21 shows that for the higher-
energy samples there is no consistent trend for the difference between these values. For the 
lower-energy samples however where grain-boundary cracking is dominant, there is a trend 
showing that the crack density is greatest within the middle of the sample. Without further 
investigation it is difficult to conclude much more with regards to this variation across the 
sample. It is suggested that this effect is likely to be due to a greater residual stress within the 
core of the samples and is most likely to be heavily dependent on the sample geometry. From 
this point onwards the study focuses on the midline results only as the poorer of the two in the 
region of interest (i.e. grain-boundary cracking dominant region of the process window). 
The final section of the study focussed on the reduction of the scan-spacing from the default 
a1 = 0.53. The midline plot in Figure 4.19 shows an anomalous point for the sample 
processed at 150 W, 1500 mm/s, this point appears to show an increase in crack density, 
however examination of the micrographs revealed that this increase is artificial and results 
from the onset of the large volumetric defects which are also quantified as cracks (see Section 
4.5 for further discussion on the limitations of the image analysis method). Other than these 
defects the crack density appeared to be very low so the further study to reduce the scan 
spacing and therefore accommodate for the reduction in melt pool size was undertaken.  
Figure 4.23 shows that for the 150 W, 1500 mm/s condition the crack density reduced with 
the reduction in scan spacing and corresponded to a gradual elimination of the occurrence of 
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the large volumetric defects. These defects were fully eliminated when the scan was reduced 
to a1 = 0.3. A similar experiment was carried out on a fully consolidating (ie. containing 
cracks, but not volumetric defects) parameter set, 200 W, 2000 mm/s. This sample showed a 
marked increase in cracking with the reduction in spacing and even a shift back from the 
grain-boundary style cracking to solidification cracking. It can be concluded that the reduction 
in scan spacing can eliminate the volumetric defects within the material, however there is a 
penalty induced under higher power conditions of increased cracking caused by the increased 
energy density. It is the belief of the author that further understanding of these complex 
relationships could be gained with accurate high-resolution thermal data from the melt pool or 
extensive modelling taking into account the varying absorption and thermal behaviour 
specific to the geometry and process conditions.  
At this point the parametric study was drawn to a close as further reductions in power and 
scan spacing would result in prohibitively slow processing. It is obvious from the results 
gained and the review of the relevant literature that a full elimination of cracks in the 
as-fabricated SLM processed CM247LC is not feasible for the Concept Laser M2 without 
extensive system modification and further research; this is outside the scope of this thesis 
which aims to focus on the establishment of a process route with currently available 
technology.  
The parametric study did manage to show distinct windows of operation and relate them to 
the cracking behaviour as well as significantly reducing the cracks within the as-fabricated 
samples compared with preliminary work. The process conditions of 150 W, 1500 mm/s, 
a1 =
 
0.2 resulted in the lowest crack density. In practice the conditions 150 W, 1500 mm/s, 
a1 = 0.3 were used for all subsequent CM247LC processing as the resultant cracking for these 
parameter sets is very similar yet the processing time using a1 = 0.3 is significantly shorter.  
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4.3      CMSX486 Parametric Studies 
CMSX486 was also suggested as a potential candidate for the high-temperature application, 
however due to its similarity in composition to CM247LC it is susceptible to similar cracking 
behaviour and problems. As an extension to the CM247LC parametric study, the CMSX486 
study aimed to assess the ability to rapidly achieve a reasonable set of operating parameters 
through a statistical design of experiments (DOE) methodology to reduce the number of 
samples produced and establish a quantitative relationship between the parameters and the 
crack density.   
i. Powder Size Analysis: Results & Discussion 
The CMSX486 argon gas atomised powder was supplied by Carpenters in the size fraction of 
-50 m. This powder was subsequently re-sieved by LPW Technology Ltd. to the size 
fraction of +15-53 m. Figure 4.26 shows the particle size distributions both before (labelled 
as ‘Carpenters’) and after (labelled as ‘reclassified’) the re-sieving.    
 
Figure 4.26: Particle size distribution for argon gas atomised CMSX486 powder as supplied (Carpenters, 
Chain dashed line) and following re-sieving (Reclassified, Solid line); black dashed lines indicate the ideal 




Figure 4.26 clearly shows that the as-received powder displays a very poor size distribution 
compared with the ideal. The maximum particle size is approximately 128 m and the 
minimum is < 4 m. The D10 and D90 values both lie outside the ideal range for SLM 
processing at 14.28 m and 67.80 m respectively and the greater mean (39.33 m) 
compared to the D50 (Median, 36.88 m) indicates a skewing of the distribution towards the 
larger particle sizes. This powder was loaded into the Concept laser M2, however processing 
was not carried out due to the poor spreading and hence the re-sieving was necessary.  
Following the re-sieving the powder classification was significantly improved; the maximum 
and minimum particle sizes for this powder are approximately 60 m and 10 m respectively. 
These are still just outside the ideal range, but as the D10 and D90 lie within the ideal range at 
16.01 m and 45.41 m respectively it was considered to be acceptable. Additionally 
difference between the mean and D50 values (29.55 m and 28.90 m) was also significantly 
reduced by the re-sieving therefore reducing the skew of the distribution towards the larger 
particle size. This re-sieved powder handled acceptably when spread in the SLM process 
ii. SEM Powder Examination: Results & Discussion 
Figure 4.27 shows a secondary SEM micrograph of the CMSX486 powder in the as-supplied 
state. The powder shows a large distribution of particle sizes confirming the results in the 




Figure 4.27: SE SEM micrographs of the as-supplied gas atomised CMSX486 powder at increasing 
magnifications ((a)-((c)).  
 
Figure 4.28 shows an individual particle of the gas atomised CMSX486 powder. The particle 
appears to shows a fine equiaxed grain structure with fine carbide precipitates at the grain 
boundaries. The backscattered micrograph does not show any elemental segregation across 
the diameter of the particle; the EDS linescans shown in Figure 4.29 confirm this.   
Figure 4.30 shows a typical micrograph taken from the set used for porosity quantification of 
the re-sieved powder. The particles appear to show much more irregular shapes compared 
with the CM247LC powder discussed in Section 4.2.iii. Many of the larger particles appear to 
be formed from the joining of two particles during solidification.  
The pores are similar to those seen in CM247LC and can similarly be divided into gas 
porosity formed during solidification and crescent shaped porosity formed from the collision 
between a solid particle and molten droplet.    
150 
 
Table 4.5 shows the porosity results obtained from the image analysis of the ground 
CMSX486 sample. The overall powder porosity is 0.87% and overall the porosity sizes and 
range is very similar to that seen in the CM247LC samples.  
 






Figure 4.29: EDS linescans across two CMSX486 particles (inset – linescan shown by yellow line) showing 
no significant variation across the particle diameter. Note the drop in Ni and increase in C due to the edge 
of the particle and the mounting Bakelite. 
 
 
Figure 4.30: BSE SEM micrograph of a ground CMSX486 powder sample (Re-sieved). Note the irregular 
particle shapes from the joined of particles in the molten state and the crescent pores formed from 
droplets colliding with solidified particles.  
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Table 4.5: Porosity quantification results for CMSX486 (re-sieved) powder. 
Total number of particles analysed 695 
Minimum pore size to be measured 
(to eliminate noise) 
0.30 m2 
Total number of pores analysed 500 
Mean Pore equivalent diameter 1.74 m 
Maximum Pore equivalent diameter 9.07 m 
% Porosity of the analysed powder 0.87 % 
 
iii. Statistical DOE Introduction 
A central composite design model was used to examine 4 design variables (Laser Power, 
Laser Speed, Scan Spacing and Island Size). The methodology for using a central composite 
design of experiments is outlined in Appendix B. The values determined by images analysis 
for crack density and void fraction were measured as responses as outlined in chapter 3 
section 3.10.ii. The statistical DOE software “Design-Expert” [15] was used to analyse the 
raw data to give values of statistical significance for each of the variables (and 1
st
 order 
interactions) on both of the responses; produce empirical equations relating the process 
parameters to crack density and void fraction; Provide an R
2
 value (confidence level) for the 
equation and finally determine process parameters to eliminate the voids (Void fraction  
0%) whilst reducing the cracking as much as possible.  
iv. SLM Parametric Study: Crack & Void Quantification Results 
The raw data for the responses for each design point investigated are listed in Table 4.6. The 
DOE was carried out for the following ranges of parameters: Laser Power (100 - 200 W); 
Scan Speed (500 - 2000 mm/s); Scan Spacing (a1, 0.2–0.8); Island Size (2 – 8 mm). Figure 
4.31 shows the raw data for cracking density and void fraction plotted against energy density 
(J/mm
2
) calculated using Equation 4-1. 
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For crack density Table 4.7 summarises the analysis of variance and highlights the 
statistically significant terms (P<0.05). The empirical relationship is presented in Equation 
4-3 with the R
2
 value and Figure 4.32 shows a comparison of the model to the actual results. 
Figure 4.33, Figure 4.34, and Figure 4.35 show the predicted influence of laser power, laser 
speed and the interaction of scan spacing and scan speed.   





Figure 4.31: Plot showing raw void fraction and cracking density data for SLM fabricated CMSX486 




Table 4.7: ANOVA for crack density of CMSX486. Blue rows indicate significant terms and red row 




Equation 4-3: Empirically determined relationship between the process parameters and the crack density 











Figure 4.33: Plot showing predicted influence of laser power on crack density for CMSX486 (scan speed = 
1500 mm/s, scan Spacing = 0.5, island size = 5 mm). Red points indicate the design points measured and 
the dashed lines indicate the 95% confidence limits of the model.  
 
 
Figure 4.34: Plot showing predicted influence of laser scan speed on crack density for CMSX486 (laser 
power = 150 W, scan Spacing = 0.5, island size = 5 mm). Red points indicate the design points measured 





Figure 4.35: Plot showing the predicted interaction between the scan spacing and the scan speed for 
CMSX486. The red plot indicates the predicted influence of scan speed on crack density for a scan spacing 
= 0.65 and the black for a scan spacing = 0.35. The dashed lines indicate the respective 95% confidence 
limits and the green dots are the measured design points.  
  
For void fraction; Table 4.8 summarises the analysis of variance and highlights the 
statistically significant terms (P < 0.05). The empirical relationship is presented in Equation 
4-4 with the R
2
 value and Figure 4.36 shows a comparison of the model to the actual results. 
Figure 4.37, Figure 4.38, and Figure 4.39 show the influence of laser power, laser speed and 
laser spacing respectively. Figure 4.40 and Figure 4.41 show the interaction between scan 
speed and laser power and that of scan spacing and scan speed respectively.   
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Table 4.8: ANOVA for void fraction of CMSX486. Blue rows indicate significant terms and red row 
indicates overall model significance. 
 
Equation 4-4: Empirically determined relationship between the process parameters and the void fraction 











Figure 4.37: Plot showing predicted influence of laser power on void fraction for CMSX486 (scan speed = 
1500 mm/s, scan Spacing = 0.5, island size = 5 mm). Red points indicate the design points measured and 




Figure 4.38: Plot showing predicted influence of laser scan speed on void fraction for CMSX486 (laser 
power = 150 W, scan Spacing = 0.5, island size = 5 mm). Red points indicate the design points measured 
and the dashed lines indicate the 95% confidence limits of the model. 
 
 
Figure 4.39: Plot showing predicted influence of scan spacing on void fraction for CMSX486 (laser power 
= 150 W, Scan Speed = 1500 mm/s, island size = 5 mm). Red points indicate the design points measured 




Figure 4.40: Plot showing the predicted interaction between the scan speed and the laser power for 
CMSX486. The red plot indicates the predicted influence of laser power on void fraction for a scan 
speed = 2000 mm/s and the black for a scan speed = 1000 mm/s. The dashed lines indicate the respective 
95% confidence limits and the green dots are the measured design points. 
 
 
Figure 4.41: Plot showing the predicted interaction between the scan spacing and the scan speed for 
CMSX486. The red plot indicates the predicted influence of scan speed on void fraction for a scan 
spacing = 0.65 and the black for a scan spacing = 0.35. The dashed lines indicate the respective 95% 
confidence limits and the green dots are the measured design points. 
 
Figure 4.42 and Figure 4.43 show surface plots for predicted (based on Equation 4-3 and 
Equation 4-4) crack density and void fraction respectively, these are plotted against laser 
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power and scan speed for fixed values of scan spacing and island size. Figure 4.44 shows both 
predicted crack density and void fraction.  
 
Figure 4.42: Surface plot showing predicted crack density against scan speed and laser power for 
CMSX486. Scan spacing fixed at 0.63; island size fixed at 6.4 mm.  
 
 
Figure 4.43: Surface plot showing predicted void area fraction against scan speed and laser power for 





Figure 4.44: Surface plot showing both predicted crack density (red) and void area fraction (blue) for 
CMSX486. Scan spacing fixed at 0.63; island size fixed at 6.4 mm. 
 
The target condition for the statistical analysis was a full consolidation (i.e. no void fraction) 
whilst having the lowest possible crack density. The Design-Expert Software predicted an 
optimised set of processing conditions of: 
 Laser Power: 128 W 
 Scan Speed: 1007 mm/s 
 Scan Spacing (a1): 0.63 
 Island Size: 6.4 mm 
For these conditions a void fraction of 0.01% (effectively 0%) is predicted and a crack density 
of 5.4 mm/mm
2
. Following this optimisation three similar samples were SLM-fabricated 
under these conditions. For these three samples both crack density and void fractions were 
evaluated. The results of this validation are presented in Table 4.9.  
Table 4.9: Crack density and void fraction results from the three validation samples compared against the 
model results for CMSX486. 
 Crack Density (mm/mm
2
) Void Area Fraction (%) 
Model Result 5.40 0.01 
Validation 1 2.95 0.01 
Validation 2 8.18 0.21 




v. SLM Parametric Study: Discussion 
The parametric study into the cracking of CM247LC involved several SLM builds as each 
new direction of investigation was based on the results from the previous. This allowed for a 
good understanding of the defects and cracking behaviour within the material, however it was 
time consuming and only investigated three operating parameters without considering 
interactions between them. Conversely the CMSX486 parametric study aimed to rapidly 
assess the material and find a reasonable set of operating parameters quickly. This was 
effectively achieved in one SLM build with a second being used to validate the results.  
The parametric build involved the analysis of 27 samples chosen based on the central 
composite design for four variables. The raw results of this are shown in Table 4.6 however 
these numbers do very little to illustrate the trends in cracking and void fraction. The plot in 
Figure 4.31 illustrate the general trends; however, it is only following the statistical analysis 
that the significant factors become clear.  
For crack density Table 4.7 shows the ANOVA results. Laser power, scan speed and the 
combined ‘scan spacing  scan speed’ (despite having a P value of 0.0543, slightly over the 
0.05 considered to show significance) were shown to be the significant factors for crack 
density. This corresponds broadly to the findings presented for CM247LC. Equation 4-3 
shows the fitted equation to model the crack density based on the operating parameters. The 
comparison of this model to the actual data can be seen in Figure 4.32; the data shows a 
reasonable fit to the model, however there is some significant scatter.  
Following the generation of this model, the variation of the crack density with each of the 
significant terms can be predicted. Figure 4.33 shows that the model predicts crack density to 
decrease with a corresponding decrease in laser power and Figure 4.34 shows the crack 
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density to decrease with increasing scan speed. Both of these predictions agree with the 
general overall scheme shown for CM247LC which in broad terms shows a decrease in crack 
density with decreasing energy density; however the design of experiments methodology fails 
to reveal insight into the character or mechanisms behind the crack behaviour.  
Further to these single parameter influences, Figure 4.35 reveals a distinct advantage of the 
statistical method. It can be seen that the scan spacing has a marked effect on the influence of 
scan speed on crack density. For a high scan spacing (a1 = 0.65) crack density decreases with 
increasing scan speed, however for a low scan spacing (a1 = 0.35) the crack density barely 
varies with scan speed. This kind of multiple parameter interaction cannot be obtained by the 
methodology used for the evaluation of CM247LC.  
Table 4.8 shows the ANOVA for the void fraction within CMSX486. For this analysis the 
parameters of laser power, scan speed and scan spacing were found to be significant as well as 
the interaction terms of ‘power  speed’ and ‘speed  spacing’. A model equation was 
determined (Equation 4-4) and the comparison of the actual results against the model are 
shown in Figure 4.36. This comparison is much harder to evaluate than the corresponding plot 
for the crack density model as many of the experimental results yielded very low void 
fraction.  
The model predictions for the variation of void fraction with power and scan speed are shown 
in Figure 4.37 and Figure 4.38 respectively. The model predicts a trend completely opposite 
to that of cracking with void fraction decreasing with increasing laser power and increasing 
with increasing scan speed. Furthermore, these plots (and the subsequent ones) illustrate how 
this ‘model’ is a purely empirical relationship as it predicts negative void fraction in certain 
cases which is impossible. 
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Figure 4.39 shows a predicted increase in void fraction with increasing scan spacing which 
agrees strongly with the results obtained during the CM247LC study where the scan spacing 
was reduced in order to eliminate voids.  
In terms of the interactions, Figure 4.40 shows that a low scan speed (1000 mm/s) appears to 
almost eliminate the influence of laser power on the void fraction maintaining it at effectively 
zero, whereas under a high scan speed the laser power greatly affects the void fraction. 
Similarly, Figure 4.41 shows that a low scan spacing (a1 = 0.35) effectively reduces the void 
fraction to zero and eliminates the effect of the scan speed and conversely a high scan spacing 
(0.65) makes the void fraction highly dependent on the scan speed. Of course these results are 
only valid for the range of parameters investigated, but they reveal that there is a threshold of 
energy input for which full consolidation will occur;  1.3 J/mm2 as seen in Figure 4.31. This 
threshold can be achieved either through laser power, scan speed or scan spacing, however 
once it has been passed then the material will be fully consolidated (ignoring the effect of 
cracks) and the other parameters will have no further influence on the void fraction; this use 
of energy density as a standardised measure of energy input to evaluate consolidation is 
consistent with current theory of SLM processing of Al alloys [4].    
The surface plots in Figure 4.42 and Figure 4.43 illustrate the response for crack density and 
void fraction respectively and Figure 4.44 reveals, what was previously stated, that the two 
curves are opposite in terms of slope direction. This conclusively shows that for the parameter 
range investigated there is no condition where the voids can be eliminated whilst also 




The final ‘optimised’ process parameters are therefore a compromise predicting a crack 
density of 5.4 mm/mm
2
 whilst still giving a void fraction of 0.01% (effectively 0%). The 
validation build results shown in Table 4.9 show that for validation sample 1 and 3 the void 
fraction prediction was very good and for sample 2 there was only a very small void fraction 
(0.21%) The results for crack density however were much more scattered varying by 
approximately  3 mm/mm2. This shows that there is clearly a much greater scatter in the 
system than predicted by the 95% confidence bands shown in the previous results. The scatter 
is confirmed by the energy density plot of raw data (Figure 4.31) which shows high scatter 
and little distinct trend.  
Overall the statistical method has shown that the void fraction can be successfully modelled. 
It appears however that there is significant scatter in the crack density results; an explanation 
for this scatter is suggested in Chapter 5. The overall trends support those found for 
CM247LC and validates the methods used with CM247LC for reducing the cracks and 
eliminating the voids within the samples. The statistical DOE also supports the conclusion 
that for the current SLM facility a condition where cracking and voids are eliminated in the 
as-fabricated condition for these high  volume fraction materials is un-achievable.  
The statistical method has provided a rapid evaluation of the material process parameters; 
however, where this statistical DOE fails is in the understanding of the microstructural 
mechanisms responsible for the cracking.  
4.4      IN625 Parametric Studies 
The parametric investigation of IN625 was carried out in a very similar way to the previous 
CMSX486 study. Literature (see Chapter 2) suggests that IN625 is a good candidate for laser 
processing as it does not show the same susceptibility to weld-induced cracking.  
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This parametric study again aimed to rapidly assess the process parameters for IN625 
however in this case the central composite design method was used for only three parameters: 
laser power, scan speed and scan spacing. The island size did not show any significance in the 
previous study and so was eliminated from this DOE. Also based on an initial examination of 
the samples, there was no cracking observed in the as-fabricated sate so the results were 
obtained for void area fraction only and utilised optical (rather than SEM) microscopy to aid 
the rapid nature of the investigation.    
i. Powder Size Analysis Results & Discussion 
As with the previous studies, the powder size distribution was measured. The argon gas-
atomised IN625 powder was supplied by LPW Technology Ltd. in the size fraction 
+15-53 m. Figure 4.45 shows the verified size distribution.  
 
Figure 4.45: Particle size distribution for argon gas atomised IN625 powder as; black dashed lines indicate 
the ideal size distribution boundaries. Key sizing data is provided in the inset table. 
 
The powder size distribution lies clearly within the ideal boundaries showing a maximum at 
almost exactly 53 m and a minimum particle size slightly greater than 16 m. The particle 
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sizes appear to show a good normal distribution with little skew as indicated by the similar 
mean and D50 (median) values.  
ii. SEM Powder Examination: Results & Discussion 
Examination of the ground and polished powder was carried out in a similar way to that of 
CM247LC and CMSX486. Figure 4.46 shows a typical image from the set taken for porosity 
measurement; it shows similar morphologies to the previous powders examined. There appear 
to be some poorly shaped particles caused by the attachment of two individual particles and 
evidence of liquid droplets colliding with solid particles causing misshaping and the 
characteristic crescent voids as seen previously.  
Figure 4.47 shows a BSE SEM micrograph of an individual particle. It appears to show a 
finely dendritic morphology; however there does not appear to be any significant elemental 
segregation across the diameter of the particle as seen in the EDX linescans presented in 
Figure 4.48.  
The overall porosity quantification is presented on Table 4.10. In general the IN625 powder 
appears to show much lower porosity in terms of average pore size and overall porosity area 





Figure 4.46: BSE SEM micrograph showing a typical sample of ground and polished IN625 as used for the 
porosity quantification. Note the misshapen particles due to particle joining during solidification and the 
‘crescent’ shaped pores formed by particle collision during solidification.  
 
 






Figure 4.48: EDS linescans across two individual IN625 powder particles (Yellow line on micrograph 
denoting linescan profile). EDS results show no significant segregation across the particle. Note: The 
increase in C and decrease in Ni towards either end of the scan is due to the onset of the particle edge and 
the effect of the mounting Bakelite.  
 
Table 4.10: Porosity quantification results for In625 powder. 
Total number of particles analysed 447 
Minimum pore size to be measured 
(to eliminate noise) 
0.30 m2 
Total number of pores analysed 203 
Mean Pore equivalent diameter 1.19 m 
Maximum Pore equivalent diameter 2.97 m 
% Porosity of the analysed powder 0.14% 
 
iii. SLM Parametric Study: Void Quantification Results 
The raw results for the parametric study carried out for IN625 are presented in Table 4.11. the 
study investigated laser power (100 – 200 W); scan speed (1000 - 3000 mm/s) and scan 
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spacing (a1; 0.2-0.8). the raw data has been plotted against energy density (J/mm
2
, Equation 
4-1) Figure 4.49.   
Table 4.11: Parametric DOE study results for the SLM processing of IN625 investigating 3 parameters 
measuring porosity only. 
 
 
Figure 4.49: Plot showing porosity (%) against energy density (J/mm
2
) for SLM of IN625.  
 
The Design-Expert predicted an R
2
 value of 83% when fitting these results to a linear model. 
In this case only the individual parameters laser power, scan speed and scan spacing were 
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examined for statistical significance. The ANOVA table is presented in Table 4.12 and shows 
that all of these parameters have a P-value of <0.05 and so are all significant.  
Table 4.12: ANOVA for void area fraction of IN625. Blue rows indicate significant terms and red row 
indicates overall model significance. 
 
The linear model produced for these results is given in Equation 4-5.  
Equation 4-5: Empirically determined relationship between the process parameters and the void fraction 
for IN625. 
 
The comparison of the model against the actual void fraction values is shown in Figure 4.50.  
 





Figure 4.51, Figure 4.52 and Figure 4.53 show that the void fraction increases with increasing 
scan speed and scan spacing, but decreases with increasing laser power.  
 
Figure 4.51: Plot showing predicted influence of laser power on void fraction for IN625. Dashed lines 
indicate the 95% confidence limits of the model.  
 
Figure 4.52: Plot showing predicted influence of scan speed on void fraction for IN625. Dashed lines 





Figure 4.53: Plot showing predicted influence of scan spacing on void fraction for IN625. Dashed lines 
indicate the 95% confidence limits of the model. 
 
The predicted limit of 0% void fraction with respect to scan speed and spacing for various 
laser powers is shown in Figure 4.54. Parameters falling below the line for their laser power 
are predicted to have a 0% void fraction (full consolidation).  
 
Figure 4.54: Plot showing the predicted limits of 0% void fraction for the SLM of IN625 for different laser 
powers in terms of scan speed and spacing. Processing parameters falling below the line specific to their 
laser power are predicted to produce fully dense material.   
 
To further evaluate the processing parameters an approximation of the time to laser-scan each 
island (and so an indication of the overall process speed) was calculated using Equation 4-6 
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and the plotted values for each of the zero void fraction lines presented in Figure 4.54. This 
time-map is shown in Figure 4.55 and assumes a standard island size of 5mm  5mm and the 
spot size of 0.15 mm.  
Equation 4-6: Approximation to the time (s) to selectively laser melt one island. 
 
 
Figure 4.55: Predicted time-map for IN625 showing time to scan a single island for lines representing 0% 
void fraction samples for different laser powers and the corresponding required scan spacing. The 
corresponding scan speeds can be found by referring to Figure 4.54. 
 
The optimum condition was found using a power of 200 W processing to produce fully dense 
samples in the shortest time; this corresponded to a scan sped of 1734 mm/s and a scan 
spacing of 0.525. The scan speed was rounded to 1700 mm/s (still corresponding to a 
predicted 0% void fraction) for simplicity.   
Three validation samples were processed under these conditions and their void area fractions 
calculated. The results for this validation are shown in Table 4.13.  
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Table 4.13: Validation results for the optimised IN625 SLM parameters based.  
 Void Area Fraction (%) 
Validation 1 0.26 
Validation 2 0.36 
Validation 3 0.31 
 
iv. SLM Parametric Study: Discussion 
The reduced susceptibility for IN625 to cracking over CM247LC and CMSX486 lies in its 
improved ductility. Based on the literature data provided in Chapter 2 (sections 2.6 & 2.8) it 
can be seen that at room temperature IN625 shows up to 50% elongation to failure compared 
with only 10% for CM247LC. This improved ductility allows for greater accommodation of 
the residual stresses formed due to the SLM process. Additionally IN625 does not suffer from 
the same strain ageing effects as CM247LC as it is not a  hardenable alloy. There is 
hardening via  however this occurs much more slowly and in the rapid heating and cooling 
of the laser process this is unlikely to have any influence. It should be noted that any 
distortion due to the internal stresses was not measured and further research with this alloy 
would need to address this issue.  
It is for these reasons that cracking is not observed in any of the SLM-fabricated samples of 
IN625 and the parametric study instead focussed solely on the elimination  of voids 
(volumetric defects) caused by incomplete consolidation. The Design-Expert software 
determined that a simple linear fit (Equation 4-5) was the most accurate to model the data 
with each of the three parameters being significant (Table 4.12). This model appears to show 
a reasonably narrow band of scatter when compared with the actual results in Figure 4.50. the 
plot of the raw data, Figure 4.49 confirms that the use of energy density (J/mm
2
) as a 
normalised parameter can be used in the case of porosity (incomplete consolidation) which 
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supports the similar conclusion found for CMSX486 (and literature regarding SLM of Al [4]) 
and again appears to show a threshold for incomplete consolidation ( 1.6 J/mm2) 
The previous studies into CM247LC and CMSX486 showed that the void formation 
behaviour is governed strongly by energy density and the results presented in Figure 4.51, 
Figure 4.52 and Figure 4.53 for IN625 confirm this. The void area fraction reduces with 
increasing laser power (more energy density), but increases with increasing scan spacing and 
scan speed (less energy density). 
By plotting the modelled 0% void fraction boundaries as in Figure 4.54 for several laser 
powers it can be clearly seen that as the laser power is increased, the processing window for 
full consolidation is also increased. With such a wide range of parameters it was necessary to 
further constrain the limits to establish a ‘best’ processing parameter set. Therefore the 
approximation for the selective laser melting of a single island (Equation 4-6) was established 
as a method for reducing the processing time. For each of the 0% void fraction boundary lines 
this single-island time was calculated and plotted against the scan spacing for each laser 
powers (The appropriate scan speed could be found by substituting back in to Equation 4-5 or 
referring to Figure 4.54). Clearly the maximum laser power of 200 W produces the fastest 
processing times and due to the trade-off between scan speed and scan spacing, a minimum 
processing time was found at: 200 W, 1734 mm/s, a1 = 0.525. For simplicity the scan speed 
was rounded down to 1700 mm/s for practical processing. This is still predicted to yield a 0% 
void fraction.  
The validation of this parametric study was carried out by SLM processing three further 
samples at the optimised conditions; the results for this are presented in Table 4.13. These 
samples did show a higher than predicted void fraction, but on average the material density by 
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optical examination was 99.69% which is overall reasonable. A high number of the pores 
observed appeared to be spherical implying that they were retained from gas porosity within 
the atomised powder; however some of the pores were irregular in shape indicating possibly 
poor bonding between layers or incomplete consolidation.  
It is suggested that if further work were to take place on this alloy then as the window for 
complete consolidation is so large, the process parameters should be adjusted to allow for any 
scatter not predicted with the model by applying a ‘safety factor’ to the scan speed or spacing 
ensuring the best possibility for full material consolidation. For all other samples of this 
material produced in this thesis however, the parameters used for the validation (as stated 
above) were used for the SLM processing of the material.              
4.5      Validity & Limitations of the Image Analysis Method Used for the Quantification 
of Crack Density 
The image analysis method used for quantification of the crack density was selected to 
provide a repeatable and versatile solution to the problem of measuring a crack density within 
the material which shows different crack character depending on the process conditions. The 
results were required to present to overall ‘damage’ within the fabricated rather than just the 
maximum damage region (as would be the case using a maximum crack length measurement 
traditional in fatigue studies). It is for this reason that a ‘crack density’ method was used 
where the amount of cracking in total crack length was normalised with respect to the 
micrograph area.   
One limitation of this has already been outlined; the image processing method considers all 
defects to be cracks. This inaccuracy was discussed in Section 4.2.vi. where voids were 
interpreted as cracks for the condition 150 W, 1500 mm/s and therefore an artificially high 
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value for cracking was reported. This type of limitation stresses the importance of examining 
the micrographs rather than simply relying on a fully automated routine to interpret the 
results.  
The second limitation revolves around the use of Feret diameter which simply measures the 
maximum point to point length of a thresholded particle. This is a good approximation where 
the cracks are reasonably straight such as in the grain boundary cracking condition illustrated 
in Figure 4.14. However where the cracks are highly interlinked and do not show the same 
directionality such as in the solidification case shown in Figure 4.11 this approximation 
becomes increasingly inaccurate. Possibly underestimating or overestimating the crack 
density depending on which sections are ‘linked’ once the threshold has been applied. 
However these regions would also cause problems if a classical grid intercept method was 
used and the decision as to where or what constituted an individual crack would then fall to 
operator judgement. Similarly a simple ‘crack count’ method would suffer with the same 
problems as well as not providing any indication as to the crack density.   
The image analysis method also only examines the crack density within a single plane and 
ideally a three-dimensional consideration would be taken. A microCT method, as presented in 
Chapter 5, would be able to produce this however to carry this out for the amount of samples 
needed for this parametric study is currently impractical due to time and budget.  
Although this image analysis method does suffer from some limitations, it should be 
emphasised however that it does give a good approximation to crack density under the grain 
boundary cracking condition which is where the interest in this particular study lies. It should 
also be noted that the accuracy of this method increases as the crack density approaches zero. 
Under the solidification dominant conditions the method provides a consistent method of 
181 
 
quantifying the crack density and although the results are not as reliable as those produced for 
the low energy samples, they can still be presented as long as the limitations are fully 
understood. 
4.6      Conclusions & Summary 
Overall the CM247LC study has shown that the character of the cracking can be related to the 
processing conditions within the SLM process however for both of the  hardenable materials 
(CM247LC and CMSX486) it has not been possible to eliminate the cracking in the as-
fabricated condition. The study has instead focussed on reducing the cracking as much as is 
possible whilst retaining a ‘fully consolidated’ (i.e. no voids) structure.  
Through microstructural examination of the cracks, different mechanisms have been 
suggested as responsible for their formation. Under the optimised processing conditions for 
CM247LC grain boundary cracking is dominant and based ont he microstructural 
observations a combination of the DDC and liquation mechanisms are suggested for their 
formation.  
The statistical methods used for CMSX486 and IN625 have supported the findings of the 
CM247LC study in terms of the overall trends with respect to consolidation and cracking as 
well as showing that this type of method can be used to rapidly assess a material and obtain 
reasonable processing conditions. The scatter in these models should not be overlooked 
however and the ‘real-life’ component geometry is also likely to have a huge impact on the 
process. It is therefore clear that although these types of studies can be used to initially assess 
a material, it should be a long-term goal that the process be tailored to the specific component 
and ideally an all encompassing model should be developed to dynamically vary the 
processing parameters to best suit each slice of the build. 
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The use of a normalised energy parameter to combine the input parameters remains as a 
contentious issue. The incomplete consolidation/porosity can be linked strongly to a 
normalised parameter showing that the energy density input provides a good method of 
assessing the ability of a parameter set to fully consolidate the material, however the more 
complex issue of cracking does not appear to relate well to this normalised parameter as 
highlighted by the CM247LC parametric study and the scatter in the CMSX486 cracking 
results. The cracking phenomenon will be highly dependent on the formation of residual 
stresses, the complex material laser interactions and the thermal behaviour of the material.   
The work presented in Chapter 5 continues to discuss a ‘retro-fix’ HIPping solution to 
eliminate the remaining cracks within the material.  
Finally it should be noted that these parametric studies have highlighted the stark differences 
in processability between the different nickel-base superalloys investigated. IN625 has shown 
excellent processability and does not display the high crack-susceptability of CM247LC and 
CMSX486. This emphasises the need for appropriate material selection by designers and 
engineers when considering SLM as a processing route but also the need to develop 
high-temperature materials specifically suited to the SLM process if this is to be a viable 
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CHAPTER 5: INFLUENCE OF LASER SCAN STRATEGY ON 
GRAIN STRUCTURE, ORIENTATION AND CRACKING 
Results and discussion are presented in this chapter examining the influence of the Concept 
Laser ‘Island Scan Strategy’ (as defined in Chapter 3) used during SLM. This strategy is 
found to have an impact on the grain structure, orientation and three-dimensional crack 
distribution within the material. A small study designed to compare the island scan pattern 
against a simple ‘back-and-forth’ scan pattern is also presented.   
5.1.  Introduction 
The Concept Laser ‘Island Scan Strategy’ is used as standard during the M2 operation. Full 
details of this method are found in Chapter 2; in summary: the filled area of each slice is laser 
scanned in small square sections referred to as ‘islands’. Each island (5 mm  5 mm) is 
formed with a regular ‘back-and-forth’ laser path; however the order in which the islands are 
scanned is randomised. The overall island pattern is moved by 1 mm in its X and Y axes with 
each layer.  The following sets of results have been collated to illustrate the influence of this 
strategy on SLM fabricated CM247LC.  
5.2.  Grain Structure 
Optical and SEM microscopy was performed on etched samples in both the X-Y (transverse) 
and X-Z (longitudinal) planes in order to examine the grain structure.  
Figure 5.1 shows an optical micrograph of the X-Y plane, clearly visible is a repeating 
‘square’ shaped pattern of lightly and heavily etched regions. The darker regions appear to be 
at the borders of each ‘square’ with the more lightly etched regions lying in the middle of the 
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‘square’. This pattern is a repeating feature across the entire plane with each square having a 
side-length of 1 mm as shown in the annotated micrograph, Figure 5.2.  
 
Figure 5.1: Optical Micrograph (Stitched) showing etched microstructure in the X-Y plane; vertical lines 
are an artefact of micrograph stitching. 
 
 




Figure 5.3 shows a backscattered SEM micrograph taken from the boundary region between 
these two differently etched regions. The more heavily etched area shows a region of 
fine-elongated grains, whilst the more lightly etched region shows larger grains appearing to 
be more equiaxed.  
 
Figure 5.3: Backscattered SEM Micrograph showing the fine elongated grain structure at the pattern 
boundary region (Right of the dashed line) of the 1 mm pattern contrasting with the more equiaxed grains 
in the central region (left of the dashed line). 
 
Figure 5.4 shows an optical micrograph of an etched specimen in the X-Z (longitudinal) 
plane. The grain structure shows long elongated ‘plumes’ of columnar grains typically 
associated with laser processing (see literature review, Chapter 2). There is also a secondary 
fine grained region lying between the long columnar areas. This bimodal structure is 




Figure 5.4: Optical micrograph in the X-Z plane showing the long ‘plumes’ of elongated grains with the 
fine grained region running down the middle of the image in the build direction (between dashed lines). 
 
 
Figure 5.5: Backscattered SEM micrograph showing the elongated and fine grained regions in the X-Z 




The micrographs of the X-Y and X-Z planes can be considered simultaneously to form an 
understanding of the 3-dimensional grain structure. The SLM processed material consists of 
regions of columnar grains elongated in the build direction (Z axis), but appearing equiaxed in 
the X-Y plane. These columnar zones are separated by fine grained regions which form a 
macro 1 mm  1 mm square pattern when viewed in the X-Y plane and projects downwards 
throughout the Z-axis; these fine grains also display some elongation, but in directions 
perpendicular to the build direction. This bi-modal grain structure is shown diagrammatically 
in Figure 5.6 (a) imposed on a cuboid. An overall schematic representation can be seen in 
Figure 5.6 (b) with the blue and red regions representing the columnar and fine grains 
respectively.  
 
Figure 5.6: Diagram showing how the grain structure in the transverse (X-Y) and longitudinal (X-Z) 
planes relate to each other; (a) is a 3D representation constructed from micrographs and (b) shows this 
relationship schematically. This suggests a bimodal grain structure consisting of coarse elongated grains 
surrounded by fine grained regions in a repeating square pattern.  
 
5.3.  EBSD Mapping 
A large area (approx. 1.5 mm  2 mm) inverse pole figure (IPF) coloured EBSD map of the 
X-Y plane is presented in Figure 5.7. The same bimodal grain pattern can be seen in the 
189 
 
EBSD map. The elongated columnar grains correspond to the ‘red’ regions of the map and 
represent a strong <001> texture with respect to the normal. The secondary fine-grained 
regions do not show a specific orientation and in general display a much more random 
texture. The {100} pole plots shown in Figure 5.8 correspond to each of these two regions: 
Figure 5.8 (a) to the columnar grained region and Figure 5.8 (b) to the fine grained region. 
Figure 5.8 (a) shows a strong {100} texture misaligned to the sample normal by 
approximately 45. Figure 5.8 (b) shows some weak crystallographic alignment of the {100} 
poles, but in general terms there is no strong texture and a high level of misalignment between 
grains both internally and to the surrounding strongly textured region.   
 
Figure 5.7: IPF EBSD map showing the X-Y plane of SLM fabricated CM247LC highlighting the 




Figure 5.8: Localised pole figures corresponding to (a) area of strong texture, (b) less defined orientation. 
 
Figure 5.9 shows the grain boundaries > 5 for the same EBSD mapped region, for clarity an 
enlarged area showing one of the repeating pattern units is provided in Figure 5.9 (b) whilst 
the full map is shown in Figure 5.9 (a). Figure 5.10 shows the frequency plot for the 
occurrence of the different misorientation angles for the entire mapped area. The bar chart in 
Figure 5.11 shows the misorientation angle frequencies for the different regions (the ‘core’ 
and ‘boundary’ regions of the repeating pattern) of the mapped area. It should be noted that 
the bounding of these regions has been determined by the author’s judgement and the results 




Figure 5.9: Grain boundary misorientation of the EBSD mapped area for misorientation > 5; (a) shows 




Figure 5.10: Frequency distribution of grain boundary misorientation for the entire EBSD mapped area 
(misorientation > 5 only). 
 
 
Figure 5.11: Relative frequency of grain boundary misorientation within the boundary and core regions of 





5.4.  MicroCT & SEM Visualisation of Cracks and Voids 
Figure 5.12 shows a 3-dimensional visualisation of the cracks within the as-fabricated 
CM247LC sample cut from the surface of a cylindrical test specimen. The red shapes 
represent the cracks whereas the yellow shapes represent larger void-like defects within the 
structure.  
Figure 5.13 (a) shows the same sample as viewed at the X-Y plane (down the Z axis). The 
cracks appears to lie in very specific regions and boundaries between the more heavily 
cracked and lightly cracked material as labelled in the annotated Figure 5.13 (b). It is 
suggested that these heavily and less heavily cracked regions also follow the same 
1 mm  1 mm pattern as seen in the previous microscopy and EBSD results, although the 
sample size is too small to see a complete pattern unit.  
 
Figure 5.12: MicroCT 3-dimensional visualisation of SLM fabricated CM247LC showing cracks (red) and 
voids (yellow); note the band of heavy cracking running through the entire length of the sample. Sample 





Figure 5.13: MicroCT 3-dimensional visualisation of SLM fabricated CM247LC of the X-Y plane showing 
cracks (red) and voids (yellow). (a) standard visualisation; (b) annotated image showing the boundaries 
between the well defined heavily and less cracked regions denoted by the dashed lines.    
 
SEM observations of the X-Y plane were used to support the MicroCT observations. Figure 
5.14 shows a backscattered SEM micrograph with annotations indicating the heavily cracked 
boundary regions.  
 
Figure 5.14: BSE SEM micrograph showing the as-fabricated transverse (X-Y) plane with annotations 




As a ‘retro-fix’ solution to the cracks, samples were HIPped (as described in Chapter 3) with 
the aim of closing the cracks and producing a fully dense material. Figure 5.15 shows the 
microCT visualisation of the cracks within the HIPped sample; the few remaining cracks (red) 
are all connected to the sample surface. An SEM micrograph of a similar sample is shown in 
Figure 5.16 confirming the crack closure.   
 




Figure 5.16: BSE SEM Micrograph showing SLM fabricated and HIPped CM247LC. Note the 




5.5.  Discussion  
The square patterned bi-modal grain structure is clearly not a naturally occurring property of 
the material and can only be a result of the SLM process. The pattern takes the form of a 
repeating square shape of 1 mm side-length rotated by 45 to the X axis. As previously stated, 
the island scan strategy uses a 5 mm island size, so the origins of this 1 mm pattern are not 
immediately obvious, yet it becomes apparent by considering several layers and the 
movement of the island pattern. Figure 5.17 shows how the position of a single 5 mm island 
moves over 5 slices. With each slice the entire island pattern is shifted by 1 mm in the X and 
Y of their local co-ordinate system. Considering that the ‘red’ island in Figure 5.17 represents 
the position of the island in the 1
st
 slice, the ‘blue’ outline being the 2nd slice position and so 
on, it can be seen that there is a square 1 mm repeating ‘interference’ pattern caused by the 
overlapping island borders. In real terms, this island pattern is spread throughout the X-Y 
plane and after 6 slices the island borders lie exactly as they did in the 1
st
 slice so this pattern 
also stretches through the entire height (Z) of the build.  
 
Figure 5.17: Schematic representation of how the 5mm island pattern with a 1mm shift each layers can 
result in the observed 1mm repeating pattern in the grain structure caused by the effect of the edges of the 




Large columnar grains are widely reported to occur in laser fabricated materials [1-4] as 
discussed in Chapter 2 (section 2.12)  due to the partial remelting of the preceding build layers 
and the highly directional nature of the heat flow vertically downwards through the previously 
deposited material and build plate. The research by Liu et al. [5] presents a bi-modal grain 
structure within DLF deposited IN718; this structure is attributed to the rapid cooling at the 
edge of each of the laser scan tracks forming fine grained regions.  
The affinity of nickel to show a strong <001> orientation with respect to the axis of heat flow 
(as exploited in DS and SC casting) supports the finding that it is the large columnar grains 
which correspond to the highly <001> textured regions of the EBSD maps. This is 
characteristic of FCC alloys cooled directionally due to the competitive grain growth effect; a 
fuller explanation of this phenomenon is available elsewhere relating to DS casting [6]. 
Similar texture has been observed in the previously discussed (See Chapter 2) research 
regarding DLF of IN718 by Zhao et al. [7].  
By considering both the observations of the grain structure and the EBSD results it is apparent 
that the columnar regions have been formed in a relatively slowly cooled region with a strong 
vertical direction heat flow (-Z) where epitaxial growth occurs. By contrast, the fine grained 
regions occurring at the boundary of the pattern have been formed by rapid cooling in a 
direction other than vertically downwards (-Z) creating a high degree of misorientation 
between the two regions.  
Traditionally the heating within a single island would be assumed to occur as a moving point 
heat source following the back-and-forth pattern as illustrated in Figure 5.18 (a). However, 
within a single island, the movement of the laser spot is very rapid and there is a high degree 
of overlap between each scan line (determined by scan spacing). Considering this, it is 
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suggested that an entire ‘band’ of material could be heated almost simultaneously. As such the 
laser scanning of an island could be considered to be a ‘band’ of heat moving from one edge 
across the island where the procession speed is governed by the scan spacing if the scan speed 
remains constant. This procession speed will remain constant so long as a complete square 
island is being processed. A diagrammatic representation of the ‘band-heating’ concept is 
shown in Figure 5.18 (b).  
 
Figure 5.18: Diagram showing how a rapidly moving point heat source (a) could be considered to be a 
band of heat moving across the island (b) with a speed determined by the scan speed and scan spacing. 
 
It is clear that for material being heated by the middle of the band the primary heat flow 
direction with be downwards (-Z) as the surrounding material in the X-Y plane will be of a 
similar temperature therefore forming the large columnar grains and <001> texture. 
At the boundary of the island however, only the edge of the heating band passes over and 
there is a large amount of cold material surrounding in the X-Y plane. This effect is 




By considering basic heat transfer principles it becomes clear why the cooling rates in these 
two regions are different. Firstly the situation is simplified by assuming that the heat band is 
at a constant temperature along its length. Considering a point somewhere in the middle of the 
band of heat, there will be negligible heat transfer in the Y-direction (Figure 5.18) as the heat 
band is constant and therefore for the X-Z thermal fields along the central portion of the band 
will be identical. The rate of heat transfer for this point can therefore be considered using the 
standard expression for biaxial heat conduction [8], Equation 5-1, where ‘T’ is temperature 
(C), ‘t’ is time (s), ‘a’ is thermal diffusivity (mm2/s) and X/Z are the directions of heat flow: 
Equation 5-1: Biaxial heat conduction equation [8] 
 
This biaxial model however breaks down upon reaching the end portion of the band of heat 
where the cooler surrounding regions mean that the heat flow in the Y-direction (along the 
axis of the band) can no longer be ignored. The expression for heat flow in the Y-direction 
away from the band must therefore be included and as such the triaxial expression [8], 
Equation 5-2, for heat conduction is in effect at the edge regions:  
Equation 5-2: Triaxial heat conduction equation [8] 
 
With this additional ‘Y’ contribution it is clear that the cooling rates at the regions at the edge 
of the heat band will be significantly greater than those in the centre therefore resulting in the 
fine-grained regions. Without in-depth computational modelling this behaviour cannot be 
accurately predicted although it remains an interesting avenue for future investigation. 
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The microCT crack visualisations, supported by SEM as shown in Figure 5.14, have shown 
that areas of dense cracking also occur at the pattern boundaries which coincide with the fine 
grained and highly misoriented regions; the misorientation map presented in Figure 5.9 
confirms this. The overall GB misorientation frequency plot in Figure 5.10 shows a large 
number of low angle grain boundaries which would correspond to the highly textured ‘core’ 
regions of the repeating pattern, but also some much greater misorientation with some 
boundaries being misaligned by over 60. When roughly divided into ‘boundary’ and core 
regions (as in Figure 5.11) it can be seen that the core region has a high percentage of low 
misorientation whereas the boundary region has a higher percentage of boundaries misaligned 
by 20-60 confirming the result shown in the IPF coloured map and pole figures.  
In Chapter 4 it is concluded that one of the primary mechanisms of crack formations is DDC. 
Fundamental literature on this subject by Lippold et al. [9, 10] has reported that DDC 
susceptibility is increased on highly misoriented grain boundaries (>15) such as those 
observed in the fine grained regions thereby supporting the conclusion that DDC is a primary 
mechanism for crack formation. The work of Lippold et al. [9] also goes on to discuss the 
influence of low- CSL (Coincident Site Lattice) boundaries on DDC occurrence and 
propagation; without EBSD data relating to an as-fabricated sample it is difficult to comment 
on the influence of these special boundaries on DDC occurrence, however it remains an 
interesting avenue for future work.  
The occurrence of dense cracking in ‘bands’ also explains the scatter in the crack density 
observed in the parametric study of the various alloys, particularly CMSX486 (reported in  
Chapter 4). Sample sets of 2-dimensional SEM micrographs were used to quantify the crack 
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density and it is possible the scatter in the results was introduced due to some micrographs 
being taken on the heavy bands of cracking and some within the area of less cracking.    
The microCT visualisation also reveals some voids present within the SLM fabricated 
CM247LC sample whereas parametric study results in Chapter 4 showed the elimination of 
voids for these processing conditions. It is difficult to compare the two sets of results as the 
sample geometry was different in each case (cuboidal for the parametric study, cut from a 
horizontally built test piece for microCT), however it is likely that the 3-dimensional 
visualisation has provided a more accurate representation of the remaining cracks/voids in the 
material rather than the simple 2-dimensional slice observed under SEM during the 
parametric study. Ideally therefore the parametric study would be conducted using microCT 
rather than SEM to quantify the remaining defects, however this is impractical due to the 
time-consuming and costly nature of both the collection of data and post-processing to 
visualise the defects.  
It has been shown that the island scan strategy is responsible for the bi-modal grain structure; 
bands of heavy cracking and fine grained, highly misoriented regions. It is obvious that these 
features will have a detrimental effect on the overall material properties. Ideally a different 
laser scan strategy would be employed to produce a much more homogeneous structure, 
however such a scan strategy would need to take into account the varying geometry 
throughout the build and adjust the laser processing parameters accordingly. For example, if a 
simple ‘back-and-forth’ scan strategy was used and the parameters optimised using cuboidal 
samples then it is very unlikely that the same parameters would be appropriate for a large 
cross-sectional area geometry as the time interval between each laser scan line would be 
increased. Likewise, a geometry progressing from a small to large cross-sectional area with 
increasing Z-height would have different heat transfer properties from one moving from a 
202 
 
large to small cross-sectional area. Taking all these factors into consideration would require 
an ‘all encompassing’ model of the process and constantly varying parameters to keep the 
processing in the optimum window.  
As this is not possible in the scope of the current work, a retro-fix solution of HIPping the 
SLM fabricated sample has been adopted to close the internal cracks and defects. The 
effectiveness of using HIPping has been proven in literature for other materials [3, 11, 12] 
(See Chapter 2). During the microCT work the HIPped sample showed a very good crack and 
defect closure with only the surface-connected cracks remaining as seen in Figure 5.15 and 
was confirmed by SEM examination of a similar sample as seen in Figure 5.16. The HIPping 
does not however eliminate the bi-modal grain structure.    
5.6.  Simple Scan Pattern: A Preliminary Study 
At this point the optimisation of a simple scan strategy is not practical for a complex 
component as discussed in the previous section, however for the purposes of comparison, a 
single sample produced using a simple ‘back-and-forth’ scan pattern (in the Y-direction) was 
produced (using the same laser power, speed and spacing as derived in Chapter 4 for 
CM2247LC). Figure 5.19 illustrates the difference between the laser scan path of the island 
scan strategy (a) and the simple scan strategy (b) for a single slice of the samples examined.  





Figure 5.19: Schematic illustration showing the difference between (a) the island scan strategy and (b) the 
simple scan strategy for the laser path of a single slice. 
i. Results 
Figure 5.20 shows an optical micrograph of a typical region of the simple scan pattern sample 
of CM247LC in the X-Y plane.  
 
Figure 5.20: Optical micrograph showing simple scan pattern produced CM247LC in the X-Y plane. 
Possible cracks and pores are labelled.  
Figure 5.21 shows a large-area stitched EBSD map of the simple scan pattern CM247LC, IPF 




Figure 5.21: EBSD map of simple scan pattern CM247LC with IPF colouring showing crystallographic 
orientation with respect to the (a) Z (build) direction and (b) Y (laser scan) direction.  
 
Figure 5.22 shows the corresponding {100} pole figures generated from a typical area within 




Figure 5.22: {100} pole figures for the simple scan pattern CM247LC with respect to the (a) Z (build) 
direction and (b) Y (laser scan) direction.  
 
Figure 5.23 shows a frequency plot for grain boundary misorientation within the simple scan 
CM247LC.  
 






The optical microscopy examination of the simple scan pattern CM247LC revealed an 
apparently very low cracking density as seen in the typical micrograph presented in Figure 
5.20; there is also no obvious evidence that these cracks are forming in specific regions of the 
sample unlike the previously discussed island strategy. Without further study to quantify and 
characterise the cracks it is impossible to draw further conclusions however this cursory 
examination does appear to support the suggestion that the cracking density is increased with 
the use of the island scan strategy.  
The EBSD maps presented in Figure 5.21 show a much more homogeneous structure 
produced by the simple scan pattern than the island scan strategy. Initial mapping examining 
the normal (Z) map revealed a mix of strong <001> and <101> crystallographic alignment 
show by the dominance of red and green in Figure 5.21 (a),  however by mapping the 
crystallographic orientation with respect to the Y (laser scan) direction a very strong affinity 
for the <001> direction is present as seen in Figure 5.21 (b). This is further supported by the 
{100} pole figures in Figure 5.22 which again show a very strong alignment of the {100} pole 
with the Y direction but some variation in the rotation about this axis. The strong alignment 
suggests that solidification is occurring in the direction of the laser scan path; this is in sharp 
contrast to that seen for the island scan pattern where the strongest alignment of the {100} 
pole was within the large columnar grains in the Z-direction.  
Finally the grain boundary misorientation plot shown in Figure 5.23 is very similar to the 
overall plot presented for the island scan pattern (Figure 5.10).  
 Without further characterisation, examination and mechanical testing it is impossible to fully 
understand the overall influence of this simple scan pattern on CM247LC however the EBSD 
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maps presented here do show that the laser scan pattern has the ability to produce vastly 
different microstructures in the same material under the same nominal operating conditions; 
the author suggests this an area for further future investigation.    
5.7.  Conclusions & Summary 
The studies into the effect of the island scan strategy have isolated by optical and SEM 
microscopy the presence of a bi-modal grain structure. This takes the form of defined regions 
of large columnar grains separated by thin regions of fine grains forming a 1 mm  1 mm 
‘lattice’ pattern in the X-Y plane. The large columnar regions have shown a strong <001> 
texture whilst the fine grained regions show a chaotic texture with highly misaligned grain 
boundaries. MicroCT and SEM investigations have shown that the fine grained and heavily 
cracked regions correspond as is consistent with the conclusion reached in Chapter 4 that the 
cracks are intergranular and form via the DDC mechanism.  
 ‘Band-heating’ has been suggested to explain the formation of the bi-modal structure where 
the rapidly scanning laser within a single island could better be considered as a ‘band’ of heat 
moving from one edge to the opposite. The high thermal gradients at the edge of the band 
caused by the cool surrounding material are responsible for the fine grained and highly 
misoriented grains.  
A brief examination of a simple scan pattern sample of CM247LC has revealed that the scan 
strategy can dramatically influence the microstructure however without extensive 
modelling/experimentation it is not currently feasible to implement this simple method in the 
SLM-fabrication of a complex component; therefore the ‘island’ scan-strategy has been used 
for the remainder of the research presented within this thesis.  
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Without the ability to dynamically control the laser processing parameters using an 
all-inclusive model, a retro-fix solution to the cracking has been implemented. A HIPping 
treatment has been applied to the samples in order to close the internal defects and has proven 
very successful as no remaining non-surface connected cracks/voids were observed in the 
microCT data of the HIPped sample. This retro-fix however does not remove the bimodal 
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CHAPTER 6: HEAT TREATMENT,  STRUCTURE & 
MECHANICAL TESTING 
This chapter focuses on the heat treatment of the SLM-fabricated and HIPped CM247LC to 
produce a fine cuboidal  microstructure. Results from an oil-quenched investigation, DSC 
and Thermo-Calc modelling are presented during the determination of the solution treatment 
temperature.  
The  structure throughout the process route has been examined and quantified and a small 
investigation into the combination of the HIPping and solution treatment steps suggested as a 
means of reducing the number of steps in the processing route. 
The correct heat treatment is necessary in order to produce good mechanical properties; creep 
and tensile data is presented for the final material. This includes comparisons of horizontally 
and vertically built specimens, HIPped against non-HIPped and the SLM-fabricated material 
against literature values.  
Finally the mechanical properties of the SLM-fabricated CMSX486 and IN625 are assessed in 
a similar way.     
6. 1. Establishing Solution Treatment for SLM & HIPped CM247LC 
As reported in the literature review (Chapter 2), the suggested solution treatment temperature 
for cast CM247LC varies depending on the literature source. The first batch of samples used a 
conservative temperature of 1230C (based on Donachie [1]). Following this further 
investigations were carried out to accurately determine a suitable treatment for SLM & 
HIPped CM247LC using an oil-quenched trial and microstructural observations to see when 
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 solution had occurred and this was supported by DSC results of CM247LC powder and the 
Thermo-Calc phase diagram modelling of the material.   
i. Initial Gas Quench (GQ) Results (1230C) 
Figure 6.1 shows the coarse  structure following the 1230C (1230C, 2h, GQ) solution 
treatment of the SLM-fabricated & HIPped CM247LC under 2000x (a) and 6000x (b) 
magnification. The  particles are coarse (~1–2 m across) and show an irregular 
morphology. In certain regions of the sample an elongation of the  particles into coarse 
‘raft-like’ structures can be seen as shown in Figure 6.2.  
 
Figure 6.1: BSE SEM micrographs of etched CM247LC revealing coarse  structure. Sample was SLM-






Figure 6.2: BSE SEM micrograph of etched CM247LC revealing coarse ‘raft-like’  structure. Sample 
was SLM-fabricated, HIPped and solution treated (1230C, 2h, GQ). 
 
ii. Oil Quench Investigation Results 
Figure 6.3 shows etched micrographs revealing the  structure of oil quenched samples 
following 2h dwell in an air furnace at 1260C (a), 1280C (b), 1300C (c). All samples show 




Figure 6.3: SE SEM micrographs showing oil quenched SLM-fabricated CM247LC & HIPped samples 
following 2h hold at (a) 1260C, (b) 1280C and (c) 1300C. Samples are etched to reveal fine  structure. 
 
iii. DSC Results of CM247LC Powder 
The DSC results for the heating and cooling of CM247LC powder are shown in Figure 6.4. 
The plot is annotated with the solidus (determined by extrapolation of the linear portions of 
the plot) at 1331C, liquidus at 1373.5C and the onset of the  formation on the cooling 
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curve at 1269C. Although the energy change for the  formation is small, it has been 
identified as the correct peak by comparison with the DSC curves presented by Zhao et al. [2]. 
 
Figure 6.4: DSC results for the heating (red) and cooling (blue) of CM247LC powder (UK1091) annotated 
with solidus, liquidus and onset of  formation (Heating/Cooling = 10C/min).  
 
iv. Phase Diagram Modelling of CM247LC (Thermo-Calc) 
The modelled temperature-phase fraction plot for CM247LC is shown in Figure 6.5 based on 
the material composition obtained from analysis. The model shows full dissolution of the  
phase at approximately 1288C, a solidus of approximately 1344C and a liquidus of 




Figure 6.5: Thermo-Calc temperature-phase fraction model of CM247LC. 
 
v. Discussion 
The 1230C (GQ) solution treatment showed a coarse  structure indicating incomplete 
dissolution of the  phase within the  matrix as seen in Figure 6.1; this structure is far from 
the desired fine cuboidal structure for optimum mechanical properties. In certain areas a 
distinct directionality within the coarse structure is visible where the  precipitates appear to 
form ‘raft-like’ structure shown in Figure 6.2. This cannot be truly called rafting as the 
material has not been exposed to the extended periods of stress and temperature typically 
associated with raft formation however it is suggested that this structure forms via a similar 
mechanism to rafting where the precipitation of the  phase occurs whilst the material is 
subject to residual stress. This type of structure has been observed previously by Pierret et al. 
[3] in stressed regions of cast materials before any service exposure. 
The oil quench investigation aimed to determine the temperature needed to obtain a good 
solution treated structure whilst maintaining the 2h dwell time. The range 1260C - 1300C 
was selected as literature has reported a solution treatment for CM247LC at 1260C (e.g. Kim 
et al. [4]) and below the melting point range reported by Cannon-Muskegon 
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(1310C-1375C [5]). The three samples showed a much finer  structure then the 1230C 
GQ sample and also a regular cuboidal structure as desired; this can be seen in Figure 6.3. The 
sample held at 1300C shows a marginally finer  structure to those held at 1260C and 
1280C; however all three are comparable and the variation could simply be due to human 
variation introduced during in the quench process.  
This result is consistent with the DSC data (Figure 6.4) that show the onset of  precipitation 
to occur at 1269C in the cooling curve; the corresponding peak for the onset of dissolution in 
the heating curve occurs gradually and cannot be distinguished. 
The Thermo-Calc model of the material differs slightly and shows a complete dissolution of 
the  phase to occur theoretically at 1288C. At 1260C however there is only a predicted 
~9% volume fraction of  compared with ~75% when fully precipitated.  
The solution treatment temperature should lie in the narrow window between the boundary for 
fully dissolved  and the solidus. The solidus temperature determined by DSC was 
extrapolated as 1331C from the two linear portions of the plot as is standard practice (see 
Höhne et al. [6]) however as the curve does begin to rise before this point, it is possible that 
liquid phases may start to form at a marginally lower temperature; possibly closer to the 
1310C reported by Cannon-Muskegon [5]. For this reason the solution treatment temperature 
of 1260C was considered to be sufficient to produce a fine  structure (confirmed by the oil 
quench investigation) whilst avoiding the formation of liquid phases during the treatment. It is 
however clear from the DSC data and Thermo-Calc modelling that this temperature is 
unlikely to produce a complete dissolution of the  phase.  
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6. 2. Evolution of  Structure through the Processing Route of CM247LC 
The proposed processing route consists of several stages; the SLM-fabrication to produce the 
desired geometry; HIPping to eliminate the internal cracks and pores; solution & 2-stage 
ageing heat treatment to refine the  structure in order to improve the mechanical properties 
of the material. This sequence is illustrated in Figure 6.6.  
 
Figure 6.6: Diagram illustrating the steps in the proposed processing route for SLM-fabricated CM247LC 
components. 
 
i. Microstructure Observations & Results 
Typical micrographs showing the  structure are presented showing CM247LC following 
each of the processing steps within the processing route.   
As-Fabricated  Structure 
Figure 6.7 shows an SEM micrograph of the as-fabricated CM247LC; the sample was etched 
to reveal the  structure (Note:  not visible). Figure 6.8 (a) shows a TEM diffraction pattern 
for the as-fabricated CM247LC. The weak 010 diffraction spot would be forbidden in a pure  
matrix and is therefore solely formed due to the  phase. This 010 superlattice  reflection 
was selected to produce the dark field TEM micrograph shown in Figure 6.8 (b) thus 




Figure 6.7: BSE SEM micrograph of as-fabricated CM247LC, etched to reveal  phase. Light phase 
represented fine carbide precipitates,  phase not visible. 
 
Figure 6.8: TEM Micrographs of as-fabricated CM247LC. (a) Diffraction pattern showing the indexed 
weak 010  superlattice spot. (b) Corresponding dark field TEM micrograph revealing  as the bright 
‘speckled’ phase (obvious in the lower left corner).    
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SLM-fabricated & HIPped  Structure 
Figure 6.9 shows the typical coarse  structure in the SLM-fabricated and HIPped CM247LC. 
(HIPped at 1180C, 150 MPa, 4h dwell – standard 5C/min heating & cooling) 
 
Figure 6.9: SE SEM micrograph showing SLM-fabricated  & HIPped CM247LC etched to reveal  
phase;   shows a very coarse structure.  
 
SLM-fabricated, HIPped & Solution Treated  Structure 
Figure 6.10 shows reasonably fine cuboidal  structure of SLM-fabricated, HIPped & 
solution treated CM247LC (Solution Treatment: 1260C, 2h dwell, Gas Quenched); some 
particles show a tendency towards ‘arrowhead’ morphology in the particle corners and there 




Figure 6.10: SE SEM micrograph showing SLM-fabricated, HIPped & solution treated CM247LC etched 
to reveal  phase;   shows reasonably fine cuboidal  structure.  
 
SLM-fabricated, HIPped, Solution & 1
st
 Ageing Treated 
Figure 6.11 shows the cuboidal  structure of SLM-fabricated, HIPped, solution and 1st 
ageing treated CM247LC (1
st
 ageing: 980C, 5h dwell, Air Cooled [4]). Many particles show 
arrowhead and ‘split-cube’ morphology associated with over-ageing. 
 
Figure 6.11: SE SEM micrograph showing SLM-fabricated, HIPped, solution & 1
st
 ageing treated 








 Ageing Treated 
Figure 6.12 shows the coarse cuboidal  structure of SLM-fabricated, HIPped, solution,  1st  
and 2
nd
 ageing treated CM247LC (2
nd
 ageing: 870C, 20h dwell, Air Cooled [4]). Particles are 
coarse and have merged together in many cases. Many particles show irregular and the 
‘split-cube’ morphology associated with over-ageing. 
 




 ageing treated 
CM247LC etched to reveal  phase;   shows coarse with many irregular and ‘split-cube’ style particles. 
 
ii. Quantification of Particle Size & Shape 
Figure 6.13 shows frequency plots of particle size for the measured  particles following (a) 
solution treatment, (b) 1
st
 ageing and (c) 2
nd
 ageing; 300 particles were measured for each plot 
and each are annotated with the maximum particle size, mean particle size and the mean 
aspect ratio (longer side length/shorter side length). Figure 6.14 shows the moving average 




Figure 6.13: Frequency plots showing  particle size distributions in SLM-fabricated & HIPped 
CM247LC following (a) solution treatment, (b) 1
st
 ageing and (c) 2
nd
 ageing; plots are annotated with the 
maximum particle size, mean particle size and the mean aspect ratio. Black line shows moving average 




Figure 6.14: Plot showing moving average line for frequency of  particle size in the solution treated (red), 
1
st
 aged (blue) and 2
nd
 aged (green) conditions.   
 
iii. HIPped & Rapidly Cooled Microstructure 
In an attempt to reduce the number of steps in the processing route of the SLM-fabricated 
CM247LC, it was proposed that the HIP and solution steps could be combined by HIPping at 
the solution temperature (1260C) and applying gas ‘jet-cooling’ to mimic the gas-quench.  
Figure 6.15 shows the thermocouple data for the standard HIP cycle, the ‘jet-cooled’ HIP and 
the TAV furnace gas-quenched solution treatment; the plot is annotated with the cooling rates 
for each cycle based on the linear sections of the cooling curve. This data was measured using 
the closest integrated thermocouple to the samples within the HIP/furnace however 
thermocouples could not be situated on or directly next to the samples so data may not be 




Figure 6.15: Plot showing measured temperature against time for the gas-quenched solution treatment, 
HIP with jet-cooling and standard HIP cycles. Curves are annotated with cooling rates determined by the 
linear portions of the falling curve.  
 
The micrograph in Figure 6.16 shows the etched  structure of SLM-fabricated CM247LC 
following the HIP & jet-cooling; the material shows a coarse irregular structure. 
Measurement of particle size distribution was difficult as most particles did not show a 
distinct cuboidal structure, so edge-to-edge measurement could not be carried out. For 
comparison however, an attempt was made to measure 300 particles using a similar method to 
that used to obtain the previous results. These results for particle size distribution are 
presented in Figure 6.17 annotated with the maximum and mean particle size; it should be 





Figure 6.16: SE SEM micrograph showing SLM-fabricated, HIPped & jet-cooled CM247LC etched to 
reveal the coarse  structure.  
 
 
Figure 6.17: : Frequency plot showing  particle size distribution in SLM-fabricated, HIPped and 
jet-cooled CM247LC. Plot is annotated with the maximum & mean particle size; black line shows moving 
average over 3 bins. 
 
iv. Discussion 
The SLM-fabricated CM247LC in the as-fabricated condition does not reveal any  particles 
under SEM examination and appears to be a completely solution treated microstructure. The 
very rapid localised melting and solidification of the material acts as a rapid quench for the 
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melt-pool thereby suppressing the  phase. Figure 6.7 shows the result of several attempts to 
etch the material to reveal the  structure under SEM examination, however any  is too 
small to resolve. 
The  phase was revealed under TEM examination, however only by using the superlattice  
reflection in the dark field. These extremely fine  precipitates are approximately 5 nm in size 
are shown in Figure 6.8 as the bright phase. This illustrates the degree to which the material is 
in a solutionised condition following SLM.  
Ideally at this point within the processing route the material would be aged in order to further 
precipitate the  phase, however due to the cracks (as previously discussed), the material 
must be HIPped to close these internal defects. Figure 6.9 shows how the slow cooling rates 
(5C/min) within the HIPping process over-age the material leaving very coarse  where 
individual particles have grown and merged together to form large blocky rafts. In this 
condition the material is crack and pore free, however the further heat treatment is clearly 
necessary in order to refine the structure to fine cuboidal particles and so produce the best 
possible mechanical properties. 
Following solution treatment and cooling by gas-quench, the  shows a fine cuboidal 
structure as can be seen in Figure 6.10. This structure is fairly promising, however it clearly 
shows a greater particle size than that achieved by the oil quench as seen in Figure 6.3. This 
difference in particle size can be related to the difference in cooling rates between the 
quenching media as discussed in the experimental chapter (Chapter 3). Although the 
gas-quenched structure is not ideal, this process is necessary for the heat treatment of the 





 ageing treatment the  particles begin to show the characteristic split-cube 
morphology (see Figure 6.11) associated with the over-aged material and this effect is 
accentuated following the 2
nd
 ageing (see Figure 6.12) with the additional negative 
characteristic that the larger particles have grown to merge with their neighbours in some 
cases.   
The  particle size distributions were measured and plotted in order to further understand the 
evolution of this structure through the heat treatment section of the processing route; these 
distributions are shown in Figure 6.13. The solution treated distribution shown in (a) has a 
distinct double-peak; the first peak at approximately 0.5 m and the second at approximately 
0.7 m. Based on the microstructural observation it can be determined that the 0.5 m peak 
corresponds to the regular cuboidal particles whilst the second peak corresponds to those that 
have grown into the arrowhead and split-cube particles. Both of these peaks show 
approximately the same frequency.  
The particle distribution following the 1
st
 ageing is shown in Figure 6.13 (b) has a similar 
double peak distribution, with both peaks at approximately the same points (0.5 m & 
0.7 m). The 0.7 m peak is now significantly larger than the 0.5 m indicating that more of 
the particles have aged into the larger arrowhead and split-cube morphologies following the 
ageing treatment.  
Finally the particle distribution for the material following the 2
nd
 ageing is shown in Figure 
6.13 (c). Again this shows the double-peak distribution with the larger peak representing the 
large particle size. In this case however both peaks have shifted slightly and now occur at 
approximately 0.55 m and 0.8 m respectively. This shift could indicate a general 
coarsening of all the  particles.  
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The three distributions are directly compared in Figure 6.14 which serves to emphasise the 
change in particle size. Overall the mean particle size varies only slightly across the heat 
treatment stages from 0.6 m  0.64 m  0.69 m. These mean sizes fall within the ranges 
found in the literature (see Chapter 2) for those typically used in mechanical testing of  
hardenable nickel superalloys – albeit generally near the upper limit of these ranges. Based on 
the morphological observation however, the more ideal cuboidal structure was achieved 
following the solution treatment only and if future research continues in this area then a 
recommendation of simply a solution treatment could be advised in order to obtain a ‘good’  
structure.  
Keeping this in mind an investigation into the use of a gas ‘jet-cooled’ HIPping treatment was 
proposed. The HIPping conditions were set at 1260C, with a 4h dwell time (same time & 
temperature as the solution treatment), under 150 MPa with the jet-cooling applied rather than 
the controlled 5C/min cooling. The plot in Figure 6.15 shows the thermocouple data from 
these three different treatments; from this data it is clear that there is only a difference of 
41C/min between the gas-quench and jet-cooled HIPping (165C/min & 124C/min 
respectively). The micrograph in Figure 6.16 shows the  structure following the HIP & 
jet-cooling to be particulate, but coarse and only partially cuboidal. The particle size 
distribution in Figure 6.17 shows mean particle size of 1.29 m which is more than double 
that obtained following the solution treatment. Considering the difference in the cooling rates, 
this particle size difference seems to be disproportionately large; it is suggested that the 
cooling rate of the samples within the HIP is not as rapid as that measured. This is speculation 
as it is not possible to position a thermocouple closer to the samples within the gas-quench 
furnace or the HIP chamber.   
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The structure of the  phase following the HIP & jet-cooling is promising however and has 
proven the feasibility that a HIPping treatment combined with a rapid enough quench could 
produce the desired  structure making the SLM manufacture using CM247LC a two-step 
rather than five-step process. This would significantly reduce processing time and cost 
making it an attractive option for netshape manufacture.   
6. 3. Mechanical Testing of CM247LC 
The mechanical testing conditions were largely influenced by the requirements of the 
industrial sponsor; all samples were fully heat treated before being machined and tested, 
however the inclusion of HIPping and the build orientation were investigated. Room 
temperature tensile testing was used to determine the effect of HIPping against non-HIPped 
material and vertically built (tension axis parallel to the build direction) against horizontally 
built (tension axis perpendicular to the build direction); these factors were also investigated in 
the creep testing. Further elevated temperature tensile tests were carried out on the vertically 
built, HIPped and fully heat treated samples as the configuration predicted to give the best 
results. 
i. Tensile Results 
For room temperature tensile testing, 3 samples were tested in each condition: vertically built, 
HIPped & heat treated; horizontally built, HIPped & heat treated; vertically built & heat 
treated only; horizontally built & heat treated only. Bar plots showing UTS, 0.2% Proof Stress 
(approximating to yield stress) and % strain to failure are shown in Figure 6.18, Figure 6.19 
and Figure 6.20 respectively; all plots also show the appropriate data presented by Kim et al. 
[7] for conventionally cast (CC’d) CM247LC for comparison. Due to the failure of some 
samples in the 1
st





 batch and tested at a later date; the data relating to these is shown as hatched in the bar 
plots.  
 
Figure 6.18: Bar plot showing UTS at room temperature for SLM-fabricated CM247LC for 4 different 
processing conditions; 3 samples were tested for each condition. Dashed line shows data for CC’d 
CM247LC presented by Kim et al. [7] for comparison. Hatched bars show samples SLM-fabricated in a 
2
nd
 batch and tested at a later date.  
 
 
Figure 6.19: Bar plot showing 0.2% proof stress at room temperature for SLM-fabricated CM247LC for 4 
different processing conditions; 3 samples were tested for each condition. Dashed line shows data for 
CC’d CM247LC presented by Kim et al. [7] for comparison. Hatched bars show samples SLM-fabricated 
in a 2
nd





Figure 6.20: Bar plot showing % strain to failure at room temperature for SLM-fabricated CM247LC for 
4 different processing conditions; 3 samples were tested for each condition. Dashed line shows data for 
CC’d CM247LC presented by Kim et al. [7] for comparison. Hatched bars show samples SLM-fabricated 
in a 2
nd
 batch and tested at a later date. 
 
Elevated temperature tensile testing was carried out at 700C, 760C and 900C on vertically 
built, HIPped & heat treated samples; 3 samples were tested at each temperature. The UTS 
and 0.2% proof stress are shown in Figure 6.21 and the % strain to failure is shown in Figure 
6.22. Individual data points have been plotted and the mean values were used to construct the 
line in each case; circled data points were ignored as outliers for the calculation of the mean. 





Figure 6.21: Elevated temperature tensile test results for vertically built SLM-fabricated, HIPped & heat 
treated CM247LC showing UTS (square points & solid line) and 0.2% proof stress (triangular points & 




Figure 6.22: Elevated temperature tensile test results for vertically built SLM-fabricated, HIPped & heat 
treated CM247LC showing % strain to failure. Data presented by Kim et al. [7] for CC’d CM247LC 




ii. Creep Results 
Creep results are presented for 1050C, 100 MPa. Two samples were tested in each condition: 
vertically built, HIPped & heat treated; horizontally built, HIPped & heat treated; vertically 
built & heat treated only; horizontally built & heat treated only. The creep curves for the 
vertically built samples are shown in Figure 6.23 (a) and the horizontal curves shown in 
Figure 6.23 (b). A bar plot showing a summary of the creep life and creep strain to failure are 




Figure 6.23: Creep curves for SLM-fabricated CM247LC in various conditions tested at 1050C, 100MPa. 
Vertical sample results are shown in (a) and horizontal in (b); two samples tested for each condition 





Figure 6.24: Bar plot showing 1050C, 100 MPa creep life for SLM-fabricated CM247LC following 
various processing conditions.  
 
 
Figure 6.25: Bar plot showing 1050C, 100 MPa creep strain to failure for SLM-fabricated CM247LC 





There are three key areas for discussion regarding these mechanical test results for the SLM-
fabricated CM247LC. Firstly the tensile results and how the different process routes have 
influenced the properties. Secondly the creep results and finally how both these sets of results 
compare against the conventionally cast data published by Kim et al. [7] for tensile and by 
Donachie [1] for creep.  
The room temperature tensile results showed one anomalous early failure in the horizontally 
fabricated HIPped & heat treated condition and the creep results showed a similar result for a 
vertically fabricated HIPped & heat treated sample. These are believed to be caused by some 
internal defect within the sample; without extensive fractography the cause of this cannot be 
determined. 
The room temperature 0.2% proof stress results (Figure 6.19) are fairly consistent across all 
the processing routes. This behaviour is governed by the elastic rather than plastic 
deformation characteristics of the material and as such the build orientation (mainly 
influencing the grain structure) is of little impact. The samples HIPped prior to the heat 
treatment show a marginally lower 0.2% proof stress than the non-HIPped samples which 
could be attributed to a slightly coarser  structure existing in the HIPped samples despite the 
attempt to mitigate this using the solution heat treatment.  
The room temperature % strain to failure results (Figure 6.20) show a much more dramatic 
difference between the processing routes. Here the once again the HIPped samples appear to 
show a marginally poorer performance (lower ductility) than the non-HIPped ones, but much 
more striking is the difference made by the build orientation with the horizontally built 
samples showing extremely low ductility compared to the vertically built samples. The 
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elongated grains in the build direction reduce significantly the number of grain boundaries 
(and cracks) perpendicular to the loading direction which typically act as fracture initiation 
points dramatically increasing the ductility whereas the opposite is true in the horizontally 
built samples.  
The UTS results (Figure 6.18) again seem to show a marginally poorer performance of the 
HIPped samples to their non-HIPped counterparts in both build orientations; this appears to 
indicate that the elimination of cracks only has a slight impact on the stressed cross-sectional 
area and hence no significant change to the tensile properties with or without HIPping. The 
horizontally built and HIPped specimens show the lowest average UTS, however the 
horizontal non-HIPped specimens compare very favourably to the vertically built ones. 
Overall it seems as though build orientation affects the ductility of the material, but has a 
much less significant effect on the strength of the material.  
The creep curves for all the samples tested are shown in Figure 6.23. In all cases the samples 
seem to show entirely tertiary creep which is consistent with published literature showing 
only tertiary creep at temperatures above 980C (see Satyanarayana et al. [8] as discussed in 
Chapter 2). The curves for the vertical samples in Figure 6.23 (a) seem to be ‘uneven’ which 
could indicate points of sudden grain boundary slipping and locking. It is suggested that the 
cause for this is the lack of consistency in grain structure in the direction of loading (as 
discussed in Chapter 5). By contrast the horizontal creep curves seen in Figure 6.23 (b) are 
much smoother.  
The creep life of the samples is generally very poor. The vertically built samples had a creep 
life 4-5 times longer than the horizontal samples. HIPping resulted in a slight increase in 
creep life believed to be due to the elimination of rupture initiation points. HIPping in the 
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horizontally fabricated samples resulted in a significantly improved creep life as the majority 
of the crack faces are perpendicular to the loading direction. The elimination of these cracks 
resulted in an increase of the loaded cross-sectional area and a reduction in potential rupture 
initiation points.  
It can be seen that the tensile testing results (for the best processing conditions) outperform 
the conventionally cast material in terms of UTS and 0.2% proof stress up to the 900C 
temperature where the 0.2% proof stress drops slightly below the literature values. The room 
temperature ductility of the vertically built samples is comparable to that of the 
conventionally cast material however it marginally underperforms at the higher temperatures, 
most likely due to any remaining defects within the samples. Overall it shows that any 
remaining defects within the material do not seem to greatly influence the tensile properties. 
The horizontally built samples significantly underperform compared to the cast material in 
terms of room temperature ductility but surprisingly show comparatively good UTS and yield 
strength.  
The creep results however significantly underperform against the literature data; the Larson-
Miller data provided by Donachie [1] predicts a creep life of approximately 236 hours at 
1050C, 100 MPa for DS CM247LC which shows the tested creep life maximum of 9.6 hours 
to be very poor by comparison. The reasons for this are likely to include the existence of 
defects within the material (i.e. possible inclusions of oxides caused by HIPping), the high 
temperature testing conditions which result in partial dissolution of the  phase and the poor 
grain structure. It must also be noted that predictions from Larson-Miller data become less 
accurate at the limits of the material performance. 
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6. 4. Mechanical Testing of CMSX486 
The intention of the mechanical testing of CMSX486 was to evaluate the properties of the 
material in a similar way to that discussed for CM247LC (i.e. the influence of  HIPping and 
build orientation on room temperature tensile properties; elevated temperature performance of 
vertically built and HIPped material; influence of build orientation and HIPping on creep 
properties). All samples were heat treated prior to testing as described by Wilson et al. [9] and 
discussed in Chapter 3. In order to confirm correct solution treatment, DSC analysis was 
carried out on a solid piece (58.03 mg) of the as-fabricated CMSX486 to determine the  
solvus temperature, solidus and liquidus.   
Following machining the HIPped and heat treated samples had to be abandoned due to 
extensive cracking visible to the naked eye; this can be seen in Figure 6.26.  
 
Figure 6.26: Photograph showing SLM-fabricated CMSX486 following HIPing, heat treatment and 
machining to test specimen geometry. Note the extensive cracking visible along the length of the sample.  
 
Testing was therefore not carried out on the HIPped samples as they all displayed similar 
faults. Due to time, material and cost constraints, it was not possible to reproduce these 
samples or further investigate the cause for the significant cracking pictured here. It is 
suggested that due to the very high  fraction of the material, large residual stress and slow 
cooling rates in the HIP that these may be reheat cracks caused by the strain-ageing effect 
although further investigation would be needed to confirm this.    
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i. DSC Results 
The DSC results for the heating and cooling of the solid sample of SLM-fabricated CMSX486 
powder are shown in Figure 6.27. The plot is annotated with the solidus (determined by 
extrapolation of the linear portions of the plot) at 1337C, liquidus at 1388.5C and the onset 
of  formation on the cooling curve at 1312C.  
 
Figure 6.27: DSC results for the heating (red) and cooling (blue) of a solid sample of CMSX486 annotated 
with solidus, liquidus and onset of  formation (Heating/Cooling = 10C/min). 
 
ii. Tensile Results 
Tensile testing of SLM-fabricated CMSX486 was carried out at room temperature in the heat 
treated condition. Three samples were tested in both the horizontal and vertical build 
orientation. Bar plots showing UTS, 0.2% proof stress and % strain to failure are presented in 




Figure 6.28: Bar plot showing UTS for SLM-fabricated and heat treated CMSX486. Three samples were 
tested in both vertical and horizontal build orientation. 
 
 
Figure 6.29: Bar plot showing 0.2% proof stress for SLM-fabricated and heat treated CMSX486. Three 




Figure 6.30: Bar plot showing % strain to failure for SLM-fabricated and heat treated CMSX486. Three 
samples were tested in both vertical and horizontal build orientation. 
 
iii. Creep Results 
CMSX486 samples were tested at 1050C and 100 MPa in the SLM-fabricated and heat 
treated condition. Two samples were subject to testing for both the vertical and horizontal 
build orientations; however the horizontally built samples failed under hot loading, therefore 
only the vertical results are presented. The creep curves annotated with the creep life for the 




Figure 6.31: Creep curves for SLM-fabricated and fully heat treated CMSX486. Samples tested at 1050C 
and 100 MPa loading. The plot is annotated with the creep life of each sample.  
 
iv. Discussion 
Due to the lack of available tensile data for cast CMSX486 and the failure of the HIPped 
samples, it is difficult to draw any significant conclusions from the room temperature testing 
of the material presented here.  
Both the 0.2% proof stress and UTS are consistent for both the vertically and horizontally 
built specimens. The % strain to failure shows particularly low ductility for the samples and 
again very little variation between the horizontally and vertically built specimens. 
The shape of the creep curves is similar to that seem for CM247LC and comparing the creep 
life to that presented by Harris & Wahl [10] (predicting a creep life in the region of 1000h) it 
performs very poorly. This is most likely a result of the heavy cracking within the material 
which (as discussed in Chapter 4) is much more significant than that seen in CM247LC; this 
is accentuated by the failure of the horizontal samples under hot loading.    
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6. 5. Mechanical Testing of IN625 
Only the tensile properties of the as-fabricated (without heat treatment of HIPping) IN625 
were assessed in accordance with the requirements of the industrial sponsor.   
i. Tensile Results 
The UTS and 0.2% proof stress results for the as-fabricated IN625 are presented in Figure 
6.32; data published by Donachie [1] is presented for cast IN625 providing a benchmark 
comparison. Similarly, the results for the % strain to failure are presented in Figure 6.33.  
 
Figure 6.32: Plot showing UTS and 0.2% proof stress for as-fabricated IN625 in both the horizontal and 






Figure 6.33: Plot showing % strain to failure for as-fabricated IN625 in both the horizontal and vertical 
build conditions against temperature. Data published by Donachie [1] for cast IN625 is shown in black. 
 
ii. Discussion 
The results in Figure 6.32 and Figure 6.33 show that overall the SLM-fabricated IN625 
performs well when compared to the cast material. The UTS results are very similar to the 
cast material, particularly the horizontal results and the yield strength of the SLM-fabricated 
material is consistently higher than the cast material. Like the SLM fabricated CM247LC, 
IN625 shows a poorer ductility when SLM-fabricated than cast however this performance is 
reasonably consistent between the horizontal and vertical samples and does not drop to the 
very low ductility levels seen in the CM247LC results.  
The striking feature of these results is the consistently higher UTS and yield of the horizontal 
over the vertically built samples. In Chapter 4 it is discussed that there is some remaining 
porosity even with these optimised process parameters and they appear to be due to some 
isolated poor bonding between layers. This could explain the performance of the vertical 
samples where the loading axis is perpendicular to the build layers.  
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Overall these results are very encouraging and confirm what has been previously stated that 
IN625 is a good candidate material for SLM-fabrication without some of the limitations of the 
 hardenable materials. It is the author’s opinion that further improvement to the mechanical 
properties could be made by HIPping the IN625 samples in order to ensure a fully dense 
material; however further study into the microstructural effects of this would be required.  
6. 6. Overall Discussion & Conclusions 
Overall the tensile properties of CM247LC compare well to the conventionally cast material 
in terms of UTS and 0.2% proof stress, however the ductility of the material seems to be 
largely influenced by the build orientation. The creep results are much less encouraging and 
although improved by the HIP and in vertical build orientation they are still significantly 
lower than anticipated however with such a limited number of results it is difficult to draw 
firm conclusions.  
The CMSX486 results were disappointing stemming from a combination of the high cracking 
susceptibility of the material and the extensive reheat cracking caused by HIPping. At this 
point it seems as though this material is certainly an unsuitable candidate material for SLM 
manufacture based on the difficulties encountered during this investigation.  
The application of HIPping requires further investigation and the overall heat treatment of the 
material (although a method has been outlined here) could be refined and streamlined to 
reduce the processing steps. The HIPped CM247LC did show an improvement in creep 
performance, however the HIPped samples also showed slightly poorer tensile properties than 
their non-HIPped counterparts and the significant cracking observed in the HIPped CMSX486 
samples suggests that HIP heating/cooling rates need further investigation which has not been 
possible within the timescale of this research.  
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The final point to note is the good mechanical properties achieved from the as-fabricated 
IN625. This was anticipated based on the review of the literature and the parametric study 
(Chapter 4) however the proof of this processability is given with the very good tensile 
properties of the material compared with cast IN625 and illustrates that the SLM process can 
produce mechanically sound components in an as-fabricated condition given the correct 
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CHAPTER 7: CONCLUSIONS, EVALUATION & 
FUTURE WORK 
This chapter briefly summarises the main conclusions presented in Chapters 4, 5 & 6. 
Included is an evaluation of the processing route and the current viability of using SLM as an 
alternative to casting for the production of high temperature CM247LC and suggestions for 
future research are also presented.  
7.1.  Overall Conclusions 
The parametric studies presented in Chapter 4 have shown that for the  hardenable alloys 
(CM247LC & CMSX486) it is not possible to eliminate the cracks in the as-fabricated 
condition using technology currently available (Concept Laser M2). It has been possible 
however to pinpoint a set of processing parameters within the larger processing window 
where the cracking is significantly reduced. The likely cracking mechanisms have been 
investigated and can be related to the processing parameters – the lowest levels of cracking 
(and least damaging) were found to occur when grain boundary cracking was dominant. It has 
been concluded through the microstructural examination of the cracks that they form via a 
combination of two mechanisms. Ductility-Dip Cracking (DDC) as observed in welds of 
nickel alloys where stress concentrations around grain boundary carbides lead to the 
formation of voids and cracks and liquation cracking caused by liquation of low melting point 
grain boundary phases forming weak liquid films as a result of reheating.   
Microstructural investigations and microCT results have been presented in Chapter 5 to show 
that HIPping can close the cracks to provide a possible retro-fix solution to the cracking 
problem but add a time consuming additional step to the processing route.  
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The use of a statistical method to obtain good process parameters for CMSX486 and IN625 
was a partial success as it was able to generate a reasonable set of parameters, although the 
cracking density for CMSX486 showed much more variability than this approach predicts. 
Given the current necessity for HIPping to close internal defects and the unknown impact of 
applying blanket parameters to any given geometry however, the statistical method does allow 
a set of processing parameters to be rapidly obtained and used as a starting point for further 
investigations.   
The study of the grain structure and orientation of the SLM-fabricated CM247LC presented in 
Chapter 5 has shown that the island scan strategy used by the Concept Laser M2 produces a 
bi-modal structure with some strong grain elongation along the build axis. EBSD has shown 
that the fine grained regions at the boundary of each island are misaligned to the elongated 
grains; subsequent microCT investigation has revealed the fine grained regions to be 
particularly susceptible to cracking. A limited investigation into a simple ‘back-and-forth’ 
scan strategy has illustrated the potential to influence the grain structure by varying the laser 
path.  
The application of a heat treatment in order to produce a desirable  structure within 
CM247LC has been investigated in Chapter 6. Micrographs have been presented to show the 
 structure at the various stages during the processing route. The solution treatment has been 
established and a full heat treatment based on the standard treatment available in the literature 
has produced a coarse cuboidal  structure; this treatment was concluded to be acceptable. A 
limited trial illustrated the potential to reduce the number of processing steps by combining 
the HIP and solution treatments.   
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Finally, mechanical testing has been used to evaluate the SLM processing route. The tensile 
properties (both room temperature and elevated) of CM247LC are comparable to those 
published in literature; however the creep performance is significantly worse. Additionally the 
HIPped samples do not perform significantly better than the non-HIPped samples in tensile 
testing indicating that the closure of cracks is not a key governing factor although by 
disregarding the poor overall creep performance, it can be stated that HIPping does improve 
the creep properties of the material. The build orientation significantly affects the ductility of 
the material and the creep performance, both being greater in the vertical orientation; however 
it does not influence the overall tensile strength of the material.  
The poor creep performance of the material is of great concern when considering the primary 
application (high-temperature; high-stress components) and the suggested cause is discussed 
in Chapter 6. In general it is believed that the poor (non-homogeneous) grain structure is 
likely to be a large contributing factor, but additionally the testing conditions are extreme for 
the particular material and it is possible that partial dissolution of the  phase (as predicted by 
the thermocalc model in Chapter 6. Unfortunately the industrial requirements for creep testing 
specified these conditions (1050C, 100 MPa) and there was insufficient time and finance to 
conduct a more thorough creep testing program in order to better characterise the material 
against the literature data.    
The concurrent work on CMSX486 was aimed at rapidly assessing a similar material without 
the use of in-depth microstructural examination using statistical methods, published heat 
treatment data and DSC. The mechanical testing of this material was disappointing and 
showed firstly that the HIPping of SLM fabricated CMSX486 needed significant investigation 
due to the occurrence of what is believed to be reheat cracking caused by the slow 
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heating/cooling rates of the HIPping process. The as-fabricated samples seemed to show 
consistent tensile strength, but low ductility and the creep results were particularly poor for 
what is regarded as a high-temperature creep resistant material. This poor performance can be 
attributed to the very high cracking susceptibility (even compared to CM247LC) as seen in 
Chapter 4 and as such CMSX486 cannot be recommended as a candidate material for SLM 
fabrication using the current process route and techniques.       
The IN625 study was aimed to show that, by selecting a much more appropriate alloy (i.e. 
greater ductility and  hardenable – see Chapter 2 & 4), the SLM process can produce a 
nickel superalloy in a crack-free state (although any distortion of the material due to internal 
stress has not been measured). The mechanical properties have shown that even without 
further heat treatment this material performs very well when compared with conventionally 
cast material.   
7.2.  Evaluation of the SLM Processing Route 
As stated in previous chapters, the process route incorporates SLM fabrication, HIPping and 
the heat treatment. This brief evaluation will first consider the use of SLM as a method of 
forming high temperature nickel superalloy components and secondly the overall processing 
route incorporating all the steps required to produce the final component.  
The potential advantages to the SLM method are stated in Chapter 1. The method allows for 
the production of complex geometries to be produced directly from a CAD file without the 
need for expensive tooling; this is of particular importance in aerospace components which 
often require complex internal geometries difficult to form by other methods. The results 
presented in this thesis however have shown that the SLM process is far from being 
production-ready for components made from CM247LC.  
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The cracks in the as-fabricated condition are a cause for concern and are aggravated by the 
island scan-strategy employed by the Concept Laser M2. Concept Laser report that this 
strategy is aimed at reducing the overall residual stress in components by more evenly heating 
each slice [1]. The evidence presented in this thesis has shown that for the  hardenable 
material CM247LC, the island strategy is responsible for the formation of a bi-modal grain 
structure with dense areas of cracking occurring at the fine grained regions on the island 
boundaries; this is a key area of concern for any future work in this area.  
The overall processing route also has several points that are of concern when considering its 
application in a production environment. The number of processing steps starts to eliminate 
the potential gains in time and cost of using SLM; this is further emphasised when 
considering the initial casting and atomisation of the starting material prior to SLM and the 
subsequent surface finishing operations required by the majority of aerospace components.  
These concerns are compounded by the poor creep performance of the processed CM247LC 
and its lack of physical consistency (shown by the early failure of individual samples in both 
the creep and tensile testing sets).  
This thesis has investigated the viability of using of the commercially available Concept Laser 
M2 for the production of components from the nickel superalloy CM247LC. Using the 
available facilities the SLM-processed material has been studied, refined and the detrimental 
microstructural features (cracks, grain structure etc.) examined. On the basis of this work it is 
concluded that the process route is not currently viable for the production of CM247LC 
components with properties comparable to traditionally cast equivalents.  
In more general terms SLM may be a viable method for the production of components using 
more suitable materials (as highlighted by the IN625 studies). The technique has the ability to 
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produce structures and geometries which would otherwise be hugely difficult to produce 
however the potential application of this technique for weight saving and design refinement 
for functionality has not in generally been exploited. In order for this to occur designers and 
engineers must strive to further understand the abilities and limitations of the technique in 
order to accept it as a viable manufacturing alternative rather than regarding it with an air of 
novelty as is currently the case.  
In the next section the future areas of research required to make SLM a viable processing 
route for CM247LC are outlined.   
7.3.  Proposed Areas of Future Work 
Listed below are research areas needed in order to develop SLM as a processing route for   
hardenable materials:  
i. Simulation of the SLM process 
The development of an accurate model of the SLM process could be achieved through close 
collaboration of a physical metallurgist and modelling specialist. Based on measurements of 
variables (such as heat transfer through the powder bed, cooling rates & thermal gradients 
etc.), the model should be gradually increased in complexity being validated wherever 
possible by experimental data. The data obtained as a result of the current research (e.g. 
quantification of cracking etc.) would provide the basis for an initial validation of the model. 
The final model should be able to predict the following:  
- Precipitation/morphology of the various phases within the material 
- The occurrence/structure of cracks  
- The grain structure within the material 
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Ultimately it is envisaged this simulation could be used to “reverse-model” the process by 
providing a final target microstructure and the geometry to be produced and obtaining process 
parameters as the output. This is more than likely to be a dynamic set of process parameters 
where a suitable laser path, power, speed etc. are all constantly varying throughout the build.   
ii. Specific Investigation into the Influence of the Laser Scan-Strategy 
Linked to the previous proposal (possibly as a component of the same research project), a full 
study examining the influence of the laser scan-strategy on the microstructure of the material 
should be undertaken. This should include the following specific areas of research:  
- Characterisation of the microstructure for a range of geometries and range of scan 
strategies 
- Thermal measurement either by thermocouple, pyrometer or high resolution/framerate 
thermal camera of the melt pool and surrounding material during the process.  
- Theoretical calculations incorporating the measured data and validated against the 
characterised grain structure.  
- Finally the reverse working of the calculations in order to predict processing 
parameters resulting in a specific microstructure.  
iii. Refinement of the SLM process to reduce residual stress 
As a significant contributing factor in the formation of the cracks in the as-fabricated material, 
research into reduction of residual stress must be undertaken in conjunction with the above 
two research areas in order to reduce cracking and to predict distortion. This must initially be 
an investigatory piece of research to quantify the residual stress currently within 
SLM-fabricated material and should then shift focus to possible methods of reduction (e.g. 
bed-heating, secondary laser etc.). It is suggested that to adequately evaluate the residual 
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stress fields around features such as carbides or individual scan tracks that synchrotron stress 
measurement, possibly combined with synchrotron tomography should be employed to 
achieve the required resolution.   
iv. Further Cracking Mechanism Investigation 
The occurrence of cracking within CM247LC has been suggested as a DDC-like mechanism 
based on the microstructural observations, however a full investigation into the structure of 
these crack using should be carried out and should include a micro-modelling component. The 
research should cover the following broad topics:  
- Full characterisation of the crack structure including extensive TEM examining the 
GB particles 
- Quantification of the occurrence of particles at the different grain boundaries and 
investigation into the influence on the grain misorientation angle, the occurrence of 
GB particles and the occurrence of cracking 
- Micro-modelling into the precipitation of the GB particles and the stress generated by 
this precipitation as well as the influence of residual stresses in order to disambiguate 
DDC from other cracking mechanisms 
- Synchrotron measurement of stress fields around grain boundaries of different 
misorientations and around the GB precipitates.   
v. Post Fabrication HIPping & Heat Treatment 
The post fabrication treatments applied to CM247LC within this study are lengthy and 
awkward. The streamlining of this process must be a priority if it is to become an 
economically viable process. As such research including the following broad topic areas 
should be undertaken:  
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- Examination and study of the closed crack surfaces following HIP 
- The extensive microstructural characterisation of the material during each processing 
step.  
- The assessment of the HIP to result in PWHT cracking due to the residual stress 
within high volume  fraction alloys (e.g. CMSX486)  
- The further investigation of using a combined HIP & HT in order to eliminate the 
need for so many post production steps.  
vi. Alloy Development for SLM 
The IN625 study has shown that using a more appropriate alloy the SLM process can produce 
non-cracked material. The main results in this thesis have been regarding CM247LC which 
itself was developed for thin-wall castings. Development of a nickel superalloy specifically 
tailored to processes using SLM is an obvious area for future research. 
vii. Engineering for SLM 
Although not specifically an area of metallurgy research, improved understanding of 
engineering and design for SLM-fabricated components is currently being largely overlooked. 
The constraints with SLM design are vastly different from those seen in traditional casting/ 
machining and research must be carried out into design optimisation for this processing route 
to fully capitalise on the potential gains of this method in terms of efficient and innovative 
design.  
This would also include a full evaluation of the dimensional accuracy of the process, 
distortion measurement and the development of a process of surface refinement which can be 
applied to SLM fabricated structures as standard.   
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7.4.  Final Remarks 
This thesis represents an initial attempt to take an existing material and an existing technology 
and study the combination of the two. The ‘future work’ suggestions have highlighted the 
need for a much greater body of research to be carried out before such a combination is 
viable. Engineers creating future SLM systems and material scientists must work together to 
overcome the challenges raised by this research; only then can the rewards of this technique 
be fully realised.  
7.5.  References 







APPENDIX A: CONCEPT LASER M2 OPERATION 
This appendix outlines the standard practices used during SLM by the Concept Laser M2 
system within the research presented in this thesis; it is not intended to be a system operating 
manual which is available elsewhere [1, 2]. Details include the CAD preparation, support 
structures, parameter definitions (including the standard parameters used) and the practical 
operation of the system.   
i. File Preparation 
File preparation for the SLM process follows these general steps:  
- CAD files are prepared using commercially available CAD software (SolidWorks [3] 
within UoB) or provided by the industrial partner. 
- CAD files are exported in the industry standard *.stl (Standard Tessellation Language) 
format. This format approximates the geometry to a closed surface defined by 
connected triangles; the export settings can be used to increase the number of triangles 
and so the accuracy of the final product. Conversely low resolution *.stl files may 
result in visibly faceted components.  
- CAD geometry (*.stl format) is imported into the commercially available Magics 15.0 
[4] software including Concept Laser Slicer module.  
- Orientation and position are defined within Magics 
- Automatically generated supports are applied at this stage if supports were not 
manually generated within the CAD geometry 
- Concept Laser module used to slice the CAD files. At this stage the following 
parameters are defined:  
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o Slice Thickness 
o Beam Compensation 
o Contour Inset 
o Island Size (X & Y) 
o Island Rotation 
o Island Shift (X & Y) 
- Slice files for the component (filename.cls) and the support structure (s_filename.cls) 
are generated to be transferred to the M2 PC.  
ii. Support Structures 
Support structures are applied as standard to all components to be manufactured by SLM for 
the following reasons:  
- Supports are required to physically connect the component to the build plate as the 
powder cannot securely provide support during building 
- Supports anchor sections during building to reduce the chance of deformation due to 
residual stress which can result in failure 
- Support structures provide a route for heat transfer in overhanging sections to prevent 
‘over-melting’ of powder which can result in a very poor underside surface finish.  
- Components are offset by 3 mm – 5 mm from the build plate as standard and attached 
by only support structures. This allows for easier removal, a more homogenous final 
material (reducing the significant heat sink effect of the build plate) and the 
elimination of the potentially inconsistent first few build layers from the component.  
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Supports are either designed into the CAD file (referred to as ‘manual’ supports; see Chapter 
3 for details) or generated using the SG module in Magics (referred to as ‘automatic’ 
supports).  
The Magics SG module examines each surface of the CAD and those with an overhang angle 
greater than a user defined threshold value (typically 45) are assigned a support. Automatic 
supports consist of a thin lattice structure in the X-Y plane generated by single laser scan 
vectors and a bounding outer wall. Supports are attached to the component by teeth to allow 
for easy removal; this type of support structure can be seen in Figure 1. Parameters affecting 
the form of these supports can be adjusted and the generation of appropriate supports requires 
a certain degree of operator judgement; typical parameters used for demonstration 
components produced during research as listed in Table 1.  
 
Figure 1: Screenshot from Magics [4] showing the automatically generated support structure attached to 




Table 1: Typical automatic support parameters used for SLM of CM247LC, CMSX486 & IN625 
Support Type Block 
Hatching X/Y 0.5 mm 
Hatching Rotation 45 
Hatching/Border Teeth Upper 
Hatching/Border Teeth Height 1.5 mm 
Hatching/Border Teeth Top Length 0.6 mm 
Hatching/Border Teeth Base Length 1.5 mm 
Hatching/Border Teeth Base Interval 0.2 mm 
Fragmentation Yes 
Fragmentation Interval X/Y 4 mm 
Fragmentation Separation Width 0.5 mm 




iii. Physical Setup and Operation of the M2 System 
The Concept Laser M2 is shown in Figure 2 (a); it consists of two halves: the handling 
chamber on the left allows for powder loading/unloading and the levelling of the bed to take 
place under an argon atmosphere and processing chamber on the right where the laser 
aperture is located and the SLM takes place. The hidden external details of the processing 
chamber are shown in Figure 2 (b). The technology module contains the powder and build 
platforms and the recoater blade and can be moved between the handling and processing 




Figure 2: Photograph showing different views of the Concept Laser M2 system: (a) Front view of machine 
showing handling chamber; (b) Exterior view of the processing chamber.  
 
 





Prior to each build, the Concept Laser M2 SLM system is cleaned in order to reduce the 
chance of contamination from previous build materials. The following key points relate to the 
cleaning of the M2: 
- In general cleaning consists of initially using an ATEX approved vacuum cleaner to 
remove an visible remaining powder followed by wiping with ethanol. 
- Particular care is paid to bolt holes and screw caps which can accumulate 
hard-to-remove powder. 
- Within the handling chamber the gloves and surrounding lips are of particular 
importance. 
- Within the processing chamber access is particularly difficult so special care and 
attention must be taken to clean the ledges, entry and exit port of the gas flow duct and 
the observation window.  
- The guard glass (protecting the laser aperture) is cleaned using lens cloth to ensure no 
contamination which can lead to the failure of this component.  
- The build and powder platforms within the technology module contain many screw 
caps and bolt holes and as these come into direct contact with the powder must be 
carefully cleaned. 
- The felt seals surrounding the moving platforms in the technology module can hold 
powder and this is removed by moving both platforms up and down several times and 
cleaning between each movement.  
Build Plate 
- All build plates are ground flat prior to SLM. 
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- The build surface is sand blasted to provide a matt finish with the aim of reducing 
reflectivity and encouraging powder to be retained during the first few build layers. 
- Plates are cleaned with ethanol prior to SLM processing.  
Recoater Blade 
- The flexible rubber recoater blade is examined following the completion of every 
build for signs of wear and damage and replaced as necessary.  
- The blade is also replaced following any change in build material. 
Bed Levelling  
The sequence for the final preparation of the powder-bed is listed below:  
- Powder is loaded into onto powder platform under argon atmosphere.  
- Using the manual controls of both the platforms and recoater blade; the powder is 
levelled across both platforms.   
- The powder is thinned on the build plate by incrementally raising the build platform 
and moving the recoater blade across.  
- The bed is ready when a very fine spread of powder (the surface of the plate clearly 
visible) lies across the build plate and the powder reservoir is completely flat.  
Build Start 
The sequence for starting the build is listed below:  
- The technology unit is moved to the processing chamber 
- The argon supply and fan are both activated to maintain a clean inert atmosphere 
- The laser can only be activated once the atmosphere has dropped to <1% O2. 
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- Two laser exposures of the first slice are carried out prior to starting to ensure the plate 
is free of contamination and ensure good bonding between the build and plate.  
- Following this the process is started and allowed to continue until completion without 
further operator intervention.  
 
iv. SLM Process Parameters 
The key process parameters for the raster-filled area are provided and defined in Chapter 3. 
Figure 4 defines the parameters governing the location of the contour vector relative to the 
raster scanned area and the desired edge of the component; the influence of the contour scan 
has not been investigated within this thesis.  
 
Figure 4: Diagram defining the contour inset and beam compensation with respect to the defined part 
edge and scan vectors. 
 
Figure 5 shows the standard parameters used when slicing the CAD models in Magics. Figure 
6, Figure 7 and Figure 8 show the laser parameters, process parameters and machine 
parameters assigned when SLM processing CM247LC following the optimisation (See 
Chapter 4). Other than the laser power, laser speed and scan spacing of the ‘skin’ (relating to 
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the raster scanned area) these are identical to those used for CMSX486 and IN625. Laser 
power, speed and scan spacing for CMSX486 and IN625 are provided in Chapter 4.  
 





Figure 6: Screen capture showing standard laser parameters assigned for the SLM of CM247LC 
 





Figure 8: Screen capture showing standard machine parameters assigned for the SLM of CM247LC 
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APPENDIX B: CENTRAL COMPOSITE DESIGN 
METHODOLOGY 
This appendix aims to describe the Central Composite Design (CCD) methodology used in 
the statistical DOE of the CMSX486 and IN625 parametric studies. The overall principle of 
the response surface method and the general meaning of the P-value and R
2
 terms are 
described. The commercially available software Design-Expert [1] was used to generate the 
results and as such full discussion of how the values are generated is not presented and can be 
found in traditional texts on the subject [2].  
i. Central Composite Design 
Central Composite Design (CCD) is the most popular choice for the fitting of second order 
response surface models. Far from a full factorial method; CCD, and the subsequent response 
surface fit, allows for the generation of a model to predict an optimum set of processing 
conditions for a given response whilst keeping the number of experimental runs to a 
minimum. The generation of the design points used in CCD is presented below:  
As an example a three-factor design space is considered (P1, P2, P3) and for each factor, five 
equally spaced levels (L1-5) are selected spanning the region of interest. The CCD design 
space is shown in Figure 1 and consists of three different types of design points.  
Axial Points: Each axial point uses the limit of the range for one parameter and the 
mid-points of the other two parameters (e.g. P1(L1,5); P2,3(L3)). 
Cube points: The cube points form a cube using L2 and L4 of each parameter as the corner 
points (e.g. P1-3(L2,4)).  
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Centre point: Three runs are carried out at the mid-point in order to assess the confidence 
band of the results (e.g. P1-3(L3)).  
 
Figure 1: CCD space for three factors 
In total the CCD only requires 17 experimental runs whereas a full factorial method for five 
levels of three factors would require 125 runs; this type of experimental design can be used to 
dramatically reduce the experimental work and therefore rapidly evaluate and optimise 
parameters for a specific measured response.   
ii. Fitting Response Surface 
The response surface is fitted to create a continuous surface to connect the responses of the 
measured design points. For the work presented in this thesis and 2
nd
 order polynomial is 
fitted for CMSX486 and a 1st order for IN625. The fitted curve should not be used to predict 
responses outside of the design space but can be used to predict optimum processing points 
for a specific response.   
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iii. Definitions of the P-Value and R2 Value 
The P-value is defined as “the probability that the test statistic will take on a value at least as 
extreme as the observed value of the statistic when the null hypothesis is true” [2]. Therefore 
for each term investigated by Analysis of Variance (ANOVA) the P-value is assessed. A P-
value of <0.05 leads to a rejection of the null hypothesis and the term is determined to be 
statistically significant.     
R
2
 can interpreted as “the proportion of variability in the data explained by the model” [2]. 
Therefore the greater the R
2
 value, the closer the model is to predicting the variation of the 
data with changing parameters.  
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